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Chapter 1

Introduction

1.1 Background

Particulate reinforced aluminum metal matrix composites (MMCs) have been widely

used for various structural and functional applications in automotive, marine, aerospace and

nuclear industries. This is due to their higher specific strength and stiffness, excellent

thermal, electrical and wear properties compared to conventional monolithic aluminum

alloys [1, 2]. Requirements for a more efficient composite material to be functionalized

within unfriendly environments (high temperature and pressure, radioactivity, etc.)

constitute the primary driving force for developing advanced aluminum MMCs that can

offer enhanced strength at elevated temperatures. One example is to develop high-

temperature AI-B4C composites that are used as neutron absorber materials for the

transport and storage of spent nuclear fuels in the nuclear industry [3, 4]. In this application,

the AI-B4C composite materials are placed between the spent fuel assemblies in order to

realize neutron absorption, to maintain enough structural strength to support the fuel

assemblies, as well as to dissipate the extra heat [5-7]. During the service, absorption of the



thermal neutrons generates heat and increases the temperature, and the AI-B4C composites

may thus experience long-term exposure at elevated temperatures (250 to 350°C) [8]. To

improve the performance of the materials and increase the specific storage capacity of spent

fuels, it is desirable to maximize the operating temperature while minimizing the overall

weight of the storage containers. There is presently a growing interest in the development

of lightweight AI-B4C MMCs to survive under the load of high temperatures, of 300°C or

above, and to be thermally stable for long periods of time [4, 8].

It is well known that the strength of aluminum MMCs is primarily derived from the

strength of the matrix alloys. However, commercial aluminum MMCs commonly use 2000,

6000 and 7000 series matrix alloys, which have limited strength at elevated temperatures.

Their strength degrades quickly as the temperature approaches 300°C due to an overaging

effect where rapid coarsening of the strengthening precipitates occurs [9, 10]. Historically,

most efforts to develop high-temperature aluminum alloys have been made using non-

equilibrium fabrication methods, such as rapid solidification, mechanical alloying, and

powder metallurgy, by adding a large amount of low diffusivity alloying elements in Al [11,

12]. These include the Al-Fe based alloys with ternary and quaternary additions of Ni, V,

Ce, W, Mo, Cr [13-16]. The high-temperature strength of these alloys is contributed by a

large volume fraction of incoherent intermetallics (oftentimes 20 to 30%) [17]. However,

none of these alloys have been widely accepted for reasons of affordability and

performance.



As an alternative, Al-Sc alloys offer a significant strengthening effect and reasonable

stability of mechanical properties up to 300°C. This is due to the formation of a number of

hard and coherent AI3SC precipitates with an ordered face-centered cubic (LI2) structure

[18-20]. Above this temperature, however, the Al-Sc alloys undergo rapid coarsening of

the precipitates, which leads to the weak thermal stability of the alloys [19, 21]. To improve

the thermal stability, Zr was introduced into Al-Sc binary alloys. The Al-Sc-Zr alloys

show better precipitation strengthening and enhanced stability by forming more stable

Al3(Sc,Zr) precipitates [22-24]. Furthermore, by alloying both elements into the alloy

matrix enables the manufacture of composite materials using ingot metallurgy techniques.

The conventional ingot metallurgy route for manufacturing the MMCs has several major

benefits, from processing, performance, and economical points of view. Therefore, it is

considered that Al-Sc and Al-Sc-Zr based matrix are among promising candidates to

develop advanced AI-B4C composites with multiple merits including excellent high-

temperature strength, thermal stability, good castability and hot-deformation properties.

During recent years, substantial progress has been made in the development of

durable AI-B4C composites as quality neutron absorber materials via an ingot metallurgy

route [5, 6, 25, 26]. It is reported that liquid aluminum has poor wettability on boron

carbide, and severe interfacial reactions between B4C and Al occur during the casting

process [25, 27, 28]. A certain amount of Ti is thus added to the composite to prevent the

B4C decomposition by forming an in-situ barrier layer of TiB2 around the B4C particulate

surfaces. This improves the wettability and castability of AI-B4C composites [25, 29].



Based on the information mentioned above, concepts for alloying Sc, Zr and Ti in the

AI-B4C system to manufacture high-temperature composites are proposed. However, due

to the fact that both Sc and Zr are located close to Ti in the periodic table, these three

alloying elements are expected to show similar behaviors in aluminum alloys. When Sc and

Zr are introduced into the B4C/AI system, interfacial reactions between the alloying

elements and B4C particles in the liquid aluminum may occur and can affect the capability

to form strengthening precipitates in the matrix. Moreover, as a series of new materials,

their basic material characteristics, such as the microstructures during casting and heat

treatment, aging behavior, mechanical properties and thermal stability, should be examined

in detail.

1.2 Objectives

This study focuses on developing the thermally stable AI-B4C composites which can

be applied at elevated temperature for long-term holding. In order to achieve this goal, the

following objectives are proposed:

1. Investigate the influence of alloying elements (Sc, Zr and Ti) on the interface

reactions between AI-B4C couples:

� Verify the interfacial reactions and identify the reaction products at the interface of

AI-B4C couples with the three alloying elements;

� Analyze the alloying elements and their distribution across the interface of AI-B4C

couples;

� Evaluate the potential of Sc and Zr for precipitation strengthening in the presence of



Ti;

2. Investigate the microstructures and mechanical properties of AI-B4C composites

alloyed with Sc and Zr in the as-cast condition:

� Prepare AI-B4C composites alloyed with Sc, Zr, and Ti;

� Analyze the interfacial reactions and identify the reaction products;

� Examine the nature of precipitates formed in the matrix during casting;

� Analyze the distribution of alloying elements (Sc and Zr) between the interface and

the matrix;

3. Study the effect of Sc and Zr on the precipitation-strengthening of the AI-B4C

composites during heat treatment:

� Evaluate the influence of Sc and Zr additions on precipitation-strengthening of the

matrix at temperatures of 300 to 450 °C for up to 200 h;

� Examine the morphology, size, volume fraction and distribution of the precipitates

and their evolution during the aging process;

� Apply the shear and Orowan mechanisms to understand the principles of the

strengthening;

4. Investigate the long-term thermal stability of mechanical properties of Sc and Zr

containing AI-B4C composites at elevated temperatures:

� Evaluate the mechanical properties during long-term holding (2000 h), including

hardness, yield strength and compressive strength;

� Investigate the evolution of the microstructure, including the interface, grain structure

and precipitates, during the long-term holding (2000 h) process;



5. Investigate the hot rolling process of Sc- and Zr-containing AI-B4C composites and

their precipitation strengthening effect during the post-rolling heat treatment.
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Chapter 2

Literature review

It is of great technical and economical interest to improve the efficiency and

performance of materials at elevated temperatures. The Al-based metal matrix composites

(MMCs) have several remarkable features that make them attractive for the development of

high temperature materials. First, the aluminum matrix is naturally oxidation resistant due

to a stable protective oxide layer and most ceramic particles in the composites are high-

temperature resistant. For weight-sensitive structural applications, the low density of the

aluminum matrix and the presence of a certain amount of ceramic particles allow the

materials having high specific strength and stiffness. Moreover, aluminum-based MMCs

are more economical than existing high temperature aerospace materials (example, Ni- and

Ti-based alloys). So far, most efforts have focussed on developing high-strength, thermally-

stable Al alloys and can be taken as a favourable groundwork for the development of

MMCs. Given the complexity and some unique features of MMCs (for example, ceramic

particles and interfacial reaction), the development of a thermally-stable MMC exhibits its

own criteria that suitable alloying additions to an Al-based MMC must meet. Therefore,
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before discussing the challenges to produce a specific material, a full comprehension of the

general requirements for achieving thermally stable MMCs is important.

2.1 General strengthening requirements for thermally stable composites

2.1.1 Strengthening mechanisms in MMCs

The strengthening of materials is related to the introduction one or several kinds of

obstacles to hinder the mobility of dislocations [30-34]. The stress field due to the

interactions between dislocations and solute atoms, as well as physical barriers (such as

grain boundaries and second phase precipitates) may play a role in effectively pinning

dislocation motion. The strengthening of Al-based MMCs is mainly contributed by two

parties: Al matrix and dispersed ceramic reinforcements. This section will focus on the

strengthening mechanisms related to the reinforcement, and the strengthening mechanisms

of matrix alloys will be discussed in detail in the following section.

When compared with the corresponding unreinforced materials [1, 35-38], it is well

known that the introduction of ceramic particulate reinforcements in the metal matrix

results in the enhancement of physical and mechanical properties of composites. The

influence of reinforcement on the strength may be divided into two categories: direct and

indirect strengthening. These ceramic reinforcements usually exhibit higher stiffness,

hardness and strength [39, 40]. If the applied load can efficiently transfer from the

relatively "soft" matrix alloys across the matrix/reinforcement interface to these higher

stiffness reinforcements, an obvious strengthening effect could be observed in the
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composites. This strengthening mechanism in particulate reinforced materials is an

extension of the classical composite strengthening mechanism used to describe the behavior

of continuous fiber reinforced composites [36, 41]. In addition to this direct strengthening,

the ceramic reinforcements also exhibit a significantly lower thermal expansion coefficient

than the metal matrix materials, which introduces a large amount of dislocations around the

ceramic particulates due to the thermal mismatch. These types of thermal-induced

dislocations could also be a strengthening source, referred to as "indirect strengthening" of

the matrix [42, 43].

2.1.2 General strengthening mechanism of Al matrix

Besides the strengthening effect contributed by the reinforcement, it is well known

that the strength of MMCs is primarily derived from the strength of matrix alloys in MMCs

with a low volume fraction of ceramic particles (< 25%). With respect to the strengthening

matrix, there are four major strengthening mechanisms, i.e., work hardening, solid-solution

strengthening, grain boundary strengthening, and precipitation strengthening. For most of

these mechanisms, a range of theoretical expressions is available in the literature [31]. In

the present study, an extended assessment of each possible strengthening mechanism has

been performed as it is very relevant to the high-strength, high-temperature matrix alloys.

2.1.2.1 Work hardening

Plastic deformation produces a great number of dislocations, which by virtue of their

interaction, results in a higher state of internal stress [31]. Hence, when a metal is strained

beyond the yield point, an increasing stress is required to produce additional plastic
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deformation, and the magnitude of the strengthening effect increases with the degree of

deformation [31, 32]. However, annealing at high-temperature leads to the relief of the

stored energy in the metal and finally reverts to a strain-free condition [31]. Therefore,

work hardening is considered to be thermodynamically unstable and not suitable for

application in this work.

2.1.2.2 Solid-solution hardening

The introduction of solute atoms into a crystal lattice invariably provides an increase

in strength to the material [44]. These foreign atoms occupy the crystal lattice points of the

solvent atoms or interstitial positions in the solvent lattice, and form a substitutional or

interstitial solid solution, respectively [31]. Hence, an attractive or repulsive strain field is

created around the solute atom which acts as an obstacle to pin the motions of dislocations

[30, 31]. Although increasing the temperature weakens the solid solution strengthening,

these effects persist up to high temperatures and keep constant when the exposure time is

prolonged [10]. However, in order to produce considerable solid-solution strength, a large

amount of solute atoms is required. The solid-solution hardening effect produced by the

minor addition of the alloying elements is thus expected to be very limited.

2.1.2.3 Grain boundary strengthening

In general, the crystals are separated by a thin non-crystalline region consisting of

planar defects. An atomic disorder at the boundary causes a discontinuity in the slip planes

[45]. Therefore, as the deformation progresses, a dislocation moves in a common slip plane

within one grain while trying to pass through the grain boundary and continues moving in a

similar slip plane to the adjacent grain. It thus encounters obstacles: (1) the dislocation has
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to change its direction of motion since the two grains are of different orientations; and (2)

the discontinuity of the slip planes in the two adjacent grains results in the difficulty of

consecutive dislocation slipping [46]. Hence dislocations are unable to traverse a grain

boundary, and tend to pile up against it to form grain-boundary ledges [31, 47].

For many materials, the grain-size dependence of the flow stress in terms of the Hall-

Petch equation can be mathematically described as [31, 47]:

CT = ao+kPHd'm (Eq.2.1)

where kpn is a constant representing the relative hardening contribution of the grain

boundaries, d is the average grain diameter and oo is the original yield stress.

Recently, aluminum alloys with nanostructured ( < 100 nm) and ultrafine grains (in

the range of 100 and 500 nm) were developed and yielded high strength at room

temperature [48, 49]. However, grain growth occurred at high temperatures and led to the

loss of mechanical properties [50, 51]. Therefore, the fine grains were also considered to be

thermally unstable at high temperatures.

2.1.2.4 Precipitation strengthening

Another common source of strengthening is the introduction of alloying elements into

the material to form fine second-phase precipitates [31]. Generally, the alloying elements

introduced exhibit relatively high solid solubility at an elevated temperature, which reduces

as the temperature decreases. Therefore, after solution treatment and quenching from a high

temperature, a supersaturated solid solution of solute atoms forms and decomposes during

the isothermal aging process at a lower temperature and produces fine precipitates. Lattices
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of the precipitate are usually atomic matching, or coherent with the lattices of the matrix.

The case where second-phase particles completely lose their coherency with the matrix is

referred to as dispersion-hardening [31].

In the case where the precipitates are small and/or soft, the dislocations may cut

through the precipitate particles. There are six properties of the particles which affect the

ease with which they can be sheared, including coherency strains, stacking-fault energy,

ordered structure, modulus effect, interfacial energy and morphology, and lattice friction

stress [31, 52].

� Coherency strains: In general, the lattice parameters of precipitates are different from

those of the matrix materials. Thus the strain field resulting from the mismatch

between a precipitate and the matrix becomes a source of strengthening [53]. The

increase of strength can be expressed as [52]:

*3<r>3i (Eq.2.2)

where Vp is the volume fraction of precipitates, F = Gb2 / 2, in which G is the shear

modulus of the matrix alloy, s is the lattice parameter misfit between the matrix

material and the precipitates, b represents the magnitude of Burgers vector of the

matrix material, (r) is the average size of precipitates.

Stacking-fault energy: This stacking-fault energy plays an important role in

determining the amount of dislocation splitting into partials and, accordingly,

influences the motion of desolations when the glide dislocations enter the precipitate
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and a change in dislocation splitting is required [54]. The contribution of this

mechanism on the yield strength is expressed as [52, 55]:

32TV (Eq. 2.3)

where Ay = \yp-ym represents the differentials of stacking-fault energies between

the precipitates and the matrix in the form of an absolute value.

Ordered structure: The energy is required to create an anti-phase boundary (APB) for

the particles with an ordered structure when they are cut through [31]. The increment

of hardening is given by [52]:

0 . ( )
2b 8 (Eq. 2.4)

where JAPB is the APB energy of the precipitate phase.

� Modulus effect: The dislocation energy is proportional to the shear modulus and to

the surrounding Burgers vector. If the modulus of the particles differs from that of the

matrix, the dislocation energy will change as it shears the particles. The degree of

variation depends on the modulus and size of the precipitates. The contribution to the

strength by this factor is calculated as [52, 56]:

Aa m=0.5(f&éy
b (Eq. 2.5)

where m is a constant related to the type of the dislocations.
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� Interfacial energy and morphology: An external energy must be provided to supply

the surface energy increase due to the surface raise after the dislocation threads

through the particulates [53]. This strengthening effect is calculated by [52]:

*T (Eq. 2.6)

where ys is the precipitate-matrix interfacial energy produced by a dislocation cut

through a precipitate.

� Lattice friction stress: This stress is the increment in strength related to the Peierls

stress, the minimum stress required to move a dislocation one lattice site [57]. The

expression is given by [31]:

52Vp
m{r)m

G o (Eq. 2.7)

where ap and am are related to the strength of the precipitate and the matrix,

respectively.

The accumulation of these mechanisms leads to the increase in strength along with

the increase of particle size. A point is eventually reached where precipitates become

incoherent and impenetrable so that dislocations are no longer able to cut through them.

Instead, dislocations must find ways to move around the precipitate by one of many

possible mechanisms, such as bowing, climbing and cross-slip [58, 59]. Dislocations leave

a dislocation loop around each particle after by-passing them. This process repeats itself as

long as a dislocation glides over the slip plane and consequently results in dislocations
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piling-up around the particle [31]. A back stress exerted by these loops on the dislocation

sources must be overcome to trigger the additional slip, which requires an increase in shear

stress and leads to a rapid strain-hardening of the matrix [31-34, 45]. This mechanism was

first proposed by Orowan and the corresponding Orowan stress, Aoom, is given by [33]:

_0.S\GAlbln(2R/b)

2xLp_p V T ^ (Eq.2.8)

where v is the Poisson's ratio of the matrix [60], R=�(r) is the mean radius of a circular

4

crosssection in a random plane for a spherical precipitate [61], and Lp.p is the inter-

precipitate spacing [52, 61]

Lp p = / � -(r)-2R = ( I� --)<r> (Eq. 2.9)

It is well known that the coherent precipitate produces an increased strain field in the

matrix and a further increase in hardness [31]. These incoherent particles exhibit lower

hardness than at the stage where coherent particles were present. Continued aging beyond

this stage produces particle growth and a further decrease in hardness. In this manner, the

precipitates are expected to exhibit a similar crystal structure to the Al solid solution. The

similarity in crystal structure between the precipitated phases and the matrix allows for a

coherent interface between the two phases and also promises the maximum strengthening

efficacy of the dispersed phase [11].
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2.1.3 Precipitate coarsening theory

In general, any first-order phase transformation process results in a two-phase

mixture consisting of a dispersive second phase in a matrix. However, since a large surface

area is present, the mixture is not initially in thermodynamic equilibrium. The total energy

of the two-phase system can be decreased via an increase in the size of the second phase, or

a decrease in the total interfacial area. Such a process is referred to as Ostwald ripening or

coarsening [62].

In their classic work on the coarsening of binary alloys, Lifshitz and Slyozov [63] and

Wagner [64] assumed a common case of spherical precipitates growth by volume diffusion.

The LSW theory predicted a mean precipitate radius coarsening from an initial value r0, to

rt with time t, expressed as [65-67]:

J?-ro"=kt (Eq.2.10)

where, k is a coarsening rate constant related to the temperature and the composition of the

material [67-69], and n is the inverse time exponent [70]. Usually, To" is much smaller than

7", and is therefore neglected [71]. Equation 2.10 is simplified as

r,"=kt (Eq. 2.11)

A log-log plot of Equation 2.11 yields a slope of 1/n. This slope is also reported to be

an indication of the coarsening behavior of precipitates, often called the time exponent of

coarsening. For example, the value of 1/n was predicted to be 1/3 according to the classic

LSW theory, which well met the experimental value in the Al-Sc binary alloys [67, 71].
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However, lower values of the time exponents of coarsening in Al-Sc-X ternary systems

were reported. Their values varied from 0.02 to 0.26 depending on the ternary additions (Zr,

Er, Mg, etc.) and on the aging temperatures (300, 350, 400 °C, etc.) [70-72].

2.1.4 Requirement for high temperature MMCs

According to the above discussion, and to develop such precipitation-strengthened,

high-temperature AI-B4C composites the following four criteria are expected for the

selection of suitable alloying elements.

(1) Ability to form nano-size intermetallic precipitates. To effectively pinpoint the

movement of dislocations, certain volume fractions of nano-size precipitates are

required. These must be hard enough to prevent shearing by dislocation. In addition,

this type of intermetallic precipitates should also have coherent or semicoherent

structures with the matrix. Otherwise, when the precipitates transform to the

equilibrium structure, the coherency will be lost and result in the decreasing thermal

stability of the mechanical properties.

(2) Low diffusivity in aluminum. For diffusion-controlled coarsening, the lower

diffusivity of the element leads to a lower coarsening rate of the precipitates, and thus

results in a better softening resistance of the material at high temperature.

(3) Limited reactions with B4C. For any high temperature MMCs, the reinforcement and

its interfaces with Al must be stable above the intended service and heat treatment

temperatures. In practice, the introduction of certain alloying elements may cause

severe reactions with boron carbide reinforcements, resulting in the degradation of
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ceramic particles and the consumption of alloying elements at the interface rather than

exhibiting a precipitation strengthening effect on the matrix.

(4) Capability of casting through traditional ingot metallurgy. The aim of this study is

to develop a series of AI-B4C composites using conventional ingot metallurgy routes.

These composite materials are therefore expected to be conventionally cast and then

processed by secondary fabrication techniques such as extrusion and rolling.

2.2 Thermal stability of matrix alloys

2.2.1 Selection of matrix alloys

Based on previous discussions, transition elements and/or rare earth metals are the

most promising candidates because of their low solubility and diffusivity in aluminum.

Since the 1990s, a large number of studies have been published regarding alloying elements

Fe, Cr, V, Zr, Ce, Hf, Y, etc. [15, 73-76]. With the aid of non-equilibrium fabrication

techniques, these low-diffusivity additives can strengthen the alloy matrix by forming a

large amount of incoherent intermetallics during solidification [17] or by forming fine and

uniformly distributed aluminide intermetallics from high supersaturated solid solutions with

proper heat-treatments [15, 16, 75, 77]. However, due to the high fabrication cost, the

aluminum alloys containing these elements have not been widely accepted.

It is worth mentioning that solid-state precipitation during aging offers potential to

generate a much finer dispersion of the strengthening phases than those formed during

solidification, and hence provides a good high strength potential of the material [11].
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Trialuminide intermetallic compounds of the type AI3M (where M is an element of

transition metals) formed in the solid-state are excellent candidates for use as secondary

strengthening phases in the development of high temperature materials [12, 78].

It is desirable that these trialuminide precipitates have the cubic LI2 structure, which

allows a coherent interface between the matrix and the precipitates [11]. In addition, the

coherent structure minimizes the surface energy per interface unit and reduces the driving

force for precipitate coarsening at high temperature [11].

In 1971, Willey pointed out in his patent that suitable additions of scandium could

remarkably improve the mechanical properties of Al alloys [79]. After several years,

Russian scientists, Drits [73, 80, 81], Elagin and Zakharov [82-85], started to work on the

strengthening effects and the optimization of the Sc content in this system. It was reported

that within up to ~0.4 wt.%, each 0.1 wt.% Sc addition produced an average increase in the

ultimate strength of 50 MPa [84]. However, the medium diffusivity of scandium relatively

lowered the coarsening resistance of the strengthening phase [11]. Based on this fact,

ternary or quaternary systems were developed [86-88].

2.2.2 Al-Sc binary alloys

The Al-Sc binary phase diagram is illustrated in the Figure 2.1. There are four

intermetallic phases in the diagram: AI3SC, AI2SC, AISc, and AISC2. A eutectic reaction

occurs at 665°C in the Al-rich region:

Liq. = a (Al) + Al3Sc (Eq. 2.11)
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in which, the eutectic composition and the solid solubility are approximately 0.46 and 0.38

wt.% Sc, respectively [11, 89, 90].

IC 20 30 40 SC «O 70

Atomic Percent Scandium

Figure 2.1 Al-Sc binary phase diagram [89]

2.2.2.1 Al3Sc phase

As the strengthening phase, AI3SC is thermodynamically stable, and has a LI2

structure with a lattice parameter a = 4.103 Â, and shows an Al misfit of 1.34% at 24°C and

1.05% at 300°C [86, 91]. The orientation relationship between AI3SC and the matrix is

suggested as being (110)^. || (100) ^ ^ [0\0]AljSc\\ [ O l O ] ^ [92]. There are three

possible AI3SC formation modes, known as the primary [93], the eutectic [80] and the

precipitation [67, 94, 95].
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After incubation, the AI3SC phase homogeneously nucleates from the supersaturated

solid solution at a constant rate [94, 96] with a size range of 4-10 nm [68, 92]. In these

studies, most of the precipitates were reported to be spherical. However, their morphology

also varied depending on specific conditions. Novotny and Ardell [95] reported that

cauliflower-shaped precipitates containing 0.2 wt.% Sc appeared after several hours

holding at 350°C and then became spherical after a longer period. The shape of the

precipitates containing 0.30 wt.% Sc evolved from spherical to cuboidal as the aging time

increased. Marquis and Seidman [68] also observed the cauliflower-shaped and cuboidal

precipitates (Al-0.1 wt.% Sc) during 350°C aging, and spherical precipitates (Al-0.3 wt%

Sc) during 300°C aging. Based on high-resolution electron microscope analyses, a type of

faceted shape was proposed [68]. In summary, the morphology of AI3SC precipitates varies

with the change in Sc, the transformation temperature and aging time.

Watanabe et al. [67] studied the Ostwald ripening of AI3SC precipitates in Al-0.28

wt.% Sc alloy during aging at 400, 425, and 450°C. It was found that the average radius of

the precipitates obeys the tU3 time law, as predicted by the LSW theory. The same time

dependence of the coarsening behavior has also been reported in several research works [68,

94-96]. Iwamura and Miura [97] investigated the coarsening behavior of AI3SC precipitates

in Al-0.2 wt.% Sc alloy aged at 400-490°C based on detailed TEM observations. It was

shown that the mean radius for coherent/semi-coherent transition of the precipitates was

15-40 nm. The average radius (r) of the AI3SC precipitates obeyed the r growth law in

both the coherent stage ((/*) < 15 nm) and semicoherent stage ((r) > 40 nm). However,
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when the coherent and the semi-coherent precipitates coexisted (15 < (r) < 40 nm), the

coarsening was delayed. Moreover, studies from Novotny et al. [95] showed that the size of

the precipitates remained in a submicron scale, even for aging times up to 4663 hours.

The mechanical properties of the AI3SC phase have not been extensively studied.

Drits and Toropova et al. examined the microhardness of this phase obtained after 30 s and

60 min aging at 20, 150, 200, 300°C and with a 20 g load. The results are shown in Table

2.1 [92]. According to these results, the AbSc phase can be considered as a high-

temperature compound with a hardness loss of less than 50% of its initial value.

Temp. (°C)
Time

//(MPa)
Softening (%)*

Table 2.1

20°C
30 s 60 min
3990 3500

12

Microhardness of the AI3SC phase [92]

150°C
30 s 60 min
3310 2370

28

200°C
30 s 60 min
2690 1830

32

300°C
30 s 60 min
1980 1040

47

*: The softening of the compound was calculated as (7/30s- H60 min) / H3Os x 100%

2.2.2.2 Mechanical properties of Al-Sc binary alloys

Alloying Sc in aluminum results in several attractive mechanical property

improvements, such as grain refinement [93], enhanced superplasticity [98, 99], better

recrystallization resistance [100], and remarkable precipitation hardening [20, 21, 84, 85,

101-103].

A number of works have been published on the effect of Sc addition on structures and

properties of Al alloys. Figure 2.2 illustrates the tendency of hardness as a function of the

Sc content in Al. It is obvious that as the Sc content increases from 0.1 to 0.5 wt.%, the
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microhardness increases accordingly. This suggests that a higher Sc concentration leads to

larger amount of AI3SC precipitates generated from the supersaturated solid solution, which

can be more effective in hindering a movements of the dislocations so as to significantly

increase the strength.

In addition to the Sc content, aging temperatures and holding times can also influence

the performance of Al-Sc alloys, as illustrated in Figure 2.3 [78]. After aging at 300°C, the

Al-Sc alloys exhibit a maximum strengthening effect. But after prolonging the holding

time, overaging represented as a continuous decrease of the strength occurs. A higher aging

temperature accelerated the occurrence of peak-aging and reduced the duration of peak-

value. In addition, the maximum hardness value of the alloys was less than those obtained

at lower temperatures, which is due to the decreased volume fraction of the precipitates

[23].
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Figure 2.2 Change in microhardness of binary Al-Sc alloys reported in literature with
different scandium contents during an isothermal hold at 300 °C [18, 19, 21,
84,104-110].

1000

10s 10» 107s

10 s 1 min 1 hr 1 day 1 month
T

Figure 2.3 Microhardness of a 134 mm diameter Al-0.41wt.% Se alloy ingot vs.
annealing time at various temperatures [78].
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2.2.3 Al-Sc-Zr ternary alloys

Although the Al-Sc binary alloys displayed promising properties, especially at

elevated temperatures, the utilization of these binary alloys was limited because of (1) the

medium diffusivity of scandium in the aluminum and (2) the high cost of scandium [111,

112]. On account of this, ternary alloys have been developed.

Elagin et al. first reported that zirconium improved the thermal stability of A^Sc

precipitates [107]. Thereafter, other researchers confirmed the positive effects of Zr in

Al-Sc systems in terms of decreasing the coarsening rate [72, 107], increasing the strength

and the recrystallization resistance [23, 113, 114].

2.2.3.1 AhCSci.jZr,) phase

The phase diagram constructed from Al-0.4 wt.% Sc to Al-0.8wt.% Zr is shown in

Figure 2.4 [115]. It was found that the AI3SC and A^Zr phases were in equilibrium with the

corresponding Al solid solution. An electron microprobe analysis provided strong evidence

that Zr atoms substituted for Sc atoms for the maximum solid-solubility of 13.7-14.2 at.%

in the AI3SC. In contrast, Sc achieved 3 at.% solid-solubility in the A^Zr compound [116,

117]. A further study using atom-probe tomography [118] showed that the maximum Zr

concentration within A^Sci^Zr,) precipitates was only 1.5 ± 0.2 at.% after a 576 h soak at

300 °C, which was much lower than the values in previous reports.

Based on the research of Galun et al. [116], when x < 0.5, the trialuminade

intermetallics A^Sci-j Zr*) exhibited a single LI2 structure, as shown in Figure 2.5 [11];
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whereas, if JC > 0.5, two A^Sci^Zr*) phases coexisted: one had a cubic LI2 structure and the

other had a tetragonal DO23 structure.

T, °C
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/ L+Al32r

L+(AI)+Al3Zr

- V l 4
L+(AJ)+Al3Sc
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i(AI>+AJ3Zr
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AI - 0.4% Se 0.2%Sc

0,4%Zr
AJ-0.8%Zr

Sc, %

Figure 2.4 Polythermal section of the Al-Sc-Zr phase diagram from Al-0.4 wt.% Sc to
Al-0.8wt.%Zr[115].

These complicated intermetallics show various morphologies according to different

alloying compositions and aging conditions. In initial studies, the shape of A^Sci-^Zr,)

was described to be spherical [113, 116]. Raju et al. [119] and Yu et al. [120]

independently observed cubic morphologies of A^Sci-jZr*) precipitates. By means of

high-resolution electron microscopy, Fuller et al. proposed a faceted structure whose facets

were parallel to the (100) and (110) planes in Al-0.15 wt.% Sc-0.16 wt.% Zr alloy aged at

300 °C [72].
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Figure 2.5 The (a) Ll2, (b) D022, and (c) D023 structures [11].

Recent studies revealed that A^Sci^Zr*) crystals consisted of a AI3SC core

surrounded by a Zr-rich shell [118, 121, 122]. The calculated diffusivity of Sc and Zr using

Equations 2.12 and 2.13 [123-125] demonstrates that Zr diffuses four orders of magnitude

slower than Sc in Al at 300 °C [11, 72]. Thus, the thermal stability of the

phase is expected to be much higher than that of the AI3SC.

2..-1DSc =5.31x10-* exp(-\.79eV / KT)mzs

DZr = 728 x 10"4 exp(-2.5 le VI KT)m2s-

(Eq.2.12)

(Eq. 2.13)

2.2.3.2 Mechanical properties of Al-Sc-Zr ternary alloys

During the aging process, A^Sci^Zr*) nanocrystals should be able to uniformly

distribute in the matrix and effectively obstruct the dislocation movement. In addition, Zr
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substitutions should decrease the lattice parameter of the AI3SC precipitates, resulting in the

decrease of the lattice parameter misfit [86]. The reduced lattice parameter mismatch was

observed to decrease the Ostwald ripening of precipitates rates and benefit the thermal

stability of materials [11].

Figure 2.6 shows the influence of Zr on the thermal stability of Al-Sc alloys

isothermally aged at a given temperature [84]. In this case, the addition of Zr did not

greatly enhance the hardening effect but remarkably improved the stability for up to 106 s

(about 277 h) holding at 350 °C. However, many works [22, 23, 84, 92, 126] have

suggested that the ternary alloys could display higher hardness values than those of the

corresponding binary Al-Sc alloys, in addition to the softening resistance improvements

shown in Figure 2.7 [111]. The maximum precipitation hardening effect can be achieved

during annealing at temperatures ranging from 300 to 350 °C [23]. Toropova [92] reported

optimum concentrations of 0.2-0.3 wt.% Sc and 0.15 wt.% Zr for the Al-Sc-Zr system,

while Belov [114] suggested that the total concentration of Sc and Zr in commercial Al

alloys should not exceed 0.3-0.4 wt% with the ratio Zr:Sc >2.
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Figure 2.6 Relationship of the microhardness of billets of Al-0.4wt.% Sc (�) and
Al-0.4wt.% Sc-0.15wt.% Zr (o) alloys to annealing time at 350°C (redrawn
fromRef[84]).
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Figure 2.7 Kinetics of the variation of microhardness of Al-0.2wt.% Sc(O) and
Al-0.2wt.%Sc-0.15 wt.%Zr (�) alloys in annealing at 400°C a and 450°C b
(redrawn from Ref [111]).
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2.2.4 The influence of titanium

Due to the limited liquid solubility (0.17 wt.%) and the large solid solubility (1.7

wt.%) of Ti in Al, Al-Ti has a strong tendency to generate primary A^Ti during

solidification in the conventional ingot metallurgy process, when the concentration of Ti is

higher than the maximum liquid solubility [11]. Furthermore, the solid solubility of Ti is

still large at a lower aging temperature (for example, C400 = 0.18 wt.% Ti [11]). Thus, the

formation of precipitates is not expected in the subsequent aging process, and the

supersaturation is dramatically reduced, leading to the limited chemical driving force for

solid-state nucleation as well as the small equilibrium volume fraction of the strengthening

phases. This phenomenon has already been reported [127, 128].

Despite the fact that the addition of Ti did not contribute to the increase of strength in

Al-Ti binary alloys, van Dalen et al. [129] and Hyde et al. [130] found that Ti indeed

exhibited a positive influence to enhance the hardening effect in Al-Sc binary alloys.

According to van Dalen et al. [129], after aging at 300 °C for 1534 hours (64 days), Ti

substituted for Sc in the AI3SC phases and formed the precipitates of A^Sci-xTi*) with a

maximum solubility of 0.06 at.%. Even though such a low substitution was reached, there

was still an obvious increase of hardness compared to Al-Sc binary alloys. The distribution

of Ti in A^Sci.jTij) precipitates was inhomogeneous and the precipitates consisted of an

AI3SC core surrounded by a spherical Ti-enriched outer shell, which is similar to the

situation in Al-Sc-Zr alloys [122, 131].
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2.3 A1-B4C composites

2.3.1 Al-matrix composites

The concept of a composite material, in general, is to synergize certain properties of

its constituents, and to suppress the shortcomings of each of the constituents [40]. This

combination can result in a newly synthesized material having unique and useful properties

for a spectrum of structural applications [132]. The MMCs have combined metallic

properties (ductility and toughness) with ceramic properties (high strength and high

modulus), leading to greater strengths in shear and compression and higher service

temperature capabilities [1, 133, 134]. Commonly used reinforcement materials include

carbides (e.g., SiC, B4C, TiC), nitrides (e.g., SÏ3N4, A1N), oxides (e.g., AI2O3), as well as

elemental materials (e.g., C, B, W). The reinforcements may be in the form of continuous

fibers, chopped fibers, whiskers, or particulates [134, 135].

Early studies on MMCs addressed the development and behavior of continuous fiber

reinforcement with the motivation of dramatically extending the structural efficiency of

metallic materials while retaining their advantages, including high chemical inertness, high

shear strength, and good property retention at high temperatures [40]. Unfortunately and

despite encouraging results, extensive industrial application of these composites has been

hindered by high manufacturing costs, namely, high costs of the reinforcement fibers and

advanced fabrication methods [40], as well as fabrication problems such as fiber damage,

microstructural nonuniformity, fiber to fiber contact, and extensive interracial reactions [1].
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In the late 1970s, efforts were renewed on discontinuously reinforced MMCs using

whisker reinforcements [40]. Although whisker-reinforced MMCs were shown to have

attractive combinations of strength and thermal stability relative to those of particulate

reinforced materials, the high cost of the whiskers [1] and the difficulty in avoiding whisker

damage during consolidation led to the concept of particulate reinforcements.

2.3.2 B4C reinforcement

The reinforced B4C composite has a lower specific gravity of 2.51 g/cm3 [136] (less

than that of Al, 2.7 g/cm3), compared to 3.20 g/cm3 for SiC, and 3.96 g/cm3 for A12O3 [2],

as well as a high impact and wear resistance [137, 138], a high melting point [139], a good

resistance to chemical agents, and a high capacity for neutron absorption [139-141],

making itself a promising candidate for the reinforcement in an Al matrix composite [142].

Compared to many works on the Al matrix composite system using reinforcing SiC

or AI2O3 particles, the studies on the B4C reinforced composites are relatively limited. This

is probably due to the fabrication problems of AI-B4C composites via commercial casting.

Since the initial wetting angle is large, it is difficult to obtain AI-B4C composites of full

density [143]. Moreover, severe interfacial reactions between B4C particles and liquid Al

have led to the increase of reaction products during the casting process and consequently

harmed the fluidity of the melt [25]. Thus, several non-equilibrium methods, such as

powder metallurgy [136], infiltration [144-147], cryomilling [138, 142, 148], and the

shock-compacted method [137] have been utilized.
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However, the traditional casting techniques are still attractive in light of their

outstanding merits, as for example their low-cost, net-shape fabrication, and flexibility in

designing the structure [149]. A liquid-mixing process involving the incorporation of

ceramic particulates into a metallic melt by means of mechanical agitation was therefore

developed [135, 150], and the schematic of the process is shown in Figure 2.8. This process

has the advantages of producing a homogeneous microstructure, increasing the wettability

of liquid aluminum on the reinforcement surface [151], and is convenient to operate [1].

Even through this process favors casting soundness, some defaults still exist: extensive

interfacial reactions [152], particle agglomeration [5], and poor interfacial bonding strength

resulting from poor wettability [153]. As an additive, Ti was reported to enhance the

wettability of liquid Al on boron carbide and to restrain the interfacial reactions between

the Al melt and B4C, which was attributed to the formation of an in-situ layer of Ti-B

compounds [140, 143, 152].

2.3.3 Matrix/reinforcement interface in AI-B4C composites

The nature of interfaces is critical for optimizing the performance of a composite

[154]. A good interfacial bond plays an important role in reducing the external stress

transferred from the matrix to the reinforcements [2, 36, 135, 154], and increasing the crack

resistance of the composites during deformation [1]. In order to promote interfacial bonding,

enhanced wetting and control of interfacial reactions are two key factors which will be

reviewed in the following sections.



36

Rotation

hnpeitat

� Furnace

Primary phase

\ Ceramic phase

Melî

(a)

Suspcnrlon Solidified composite

\y<
J

o
t»-~ or

C\X ^'Ceramic

C .X« N \ u

(b)

Figure 2.8 Schematics of a stirring technique, and b solidification process in particulate
composites [135].

2.3.3.1 Wetting

Wetting occurs between a metal and a liquid when the strength of the interfacial bond

exceeds the surface tension of the liquid [1]. Good wetting often provides a good bonding

strength at the matrix/reinforcement interfaces of the final composite [155]. However,

LENOVO
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molten metal usually exhibits a high surface tension, resulting in the difficulty of wetting in

molten metal-ceramic systems [1]. Halverson et al. [156] reported that the pressureless

fabrication of AI-B4C composites below 1000°C was remarkably difficult because the

wetting (contact angle 6 < 90°) was not obtained during a reasonable time. A similar

conclusion was also drawn by Lin et al. [157].

Nevertheless, wetting can be favored by introducing strong chemical bonds at the

interfaces [155, 158]. With respect to AI-B4C composites, Ti was found to improve the

wetting characteristics between liquid Al and boron carbide particles [5, 27, 159]. Ti was

supposed to partially replace the reactions between Al and B4C and to introduce a new

reaction product of TiB2 enclosing the entire B4C particles [25, 152, 160]. The Al was able

to strongly wet TiB2 even at temperature below 1000 °C [161, 162]. This process obviously

enhanced the wettability of Al on the ceramic reinforcements.

2.3.3.2 Reaction thermodynamics

In 1989, Halverson [156] studied the reaction thermodynamics of Al�B4C in a larger

temperature range from 800 to 1400°C. It was confirmed that two major reaction

compounds, AIB2 and an unknown phase x, formed after the reactions occurred below

900°C. According to Sarikaya's work [163], this phase was identified as AI4BC which tied

up most of the free carbon required to form AI4C3. Although this ternary phase was adapted

during the next several years [164], Viala et al. were finally able to verify the formula of

this phase as AI3BC [28, 165]. This trialuminade was a specific feature that differentiated

the AI-B4C couple from other Al-carbide couples, such as Al-TiC [2] and Al-SiC [166,
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167], at the interface where AI4C3 appeared as a major reaction product. Therefore, the

interfacial reaction in the AI-B4C system in this temperature range should be actually

expressed as [25, 28, 168]:

9A1 + 2B4C = 2A13BC + 3A1B2 (Eq. 2.14)

When the temperature was in the range of 900-980°C, AI3BC was still formed, while

a B-rich phase AI3B48C2 (jS-AlBn) [28] replaced AIB2. A further rise in temperature,

beyond 1000°C, would result in the formation of AIB24C3 and AI4C3 along with the severe

depletion of B4C [164, 169].

Based on the Ti-B4C phase diagram [170], Ti reacts with B4C and yields two

reactions at temperatures below 920°C, i.e., TiB2 and TiC. Taking into account that Ti has a

much higher affinity with B than Al (Gibbs energies of the formation at 750°C, AGm =

-331.0 kJ/mol, AGAIB = -108.8 kJ/mol [26]), and when an additive is introduced into the

AI-B4C system at 730-750°C, Ti will react with Al and B4C, to form two phases (A13BC

and TiB2) in a relatively short time, whereas prolonging the reaction time further will lead

to the appearance of AIB2 [25, 29]. Therefore, by introducing a sufficient amounting Ti

addition into the AI-B4C system, the interfacial reaction would then modified as [26]:

6A1 + 3Ti+ 2B4C = 2A13BC + 3TiB2 (Eq. 2.15)

The reactions between the three-component systems of Al-Zr-B4C and AI-SC-B4C

have never been reported, although a few works concerning the Zr-B4C system may be

found [171, 172]. Similar to Ti, molten Zr may be expected to react with boron carbide and

yield two reaction products ZrB2 and ZrC [171, 173].
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2.3.3.3 Reaction Kinetics

During the liquid-phase processing of MMCs, chemical interactions between the

reinforcement and the liquid matrix occur chiefly through the processes of dissolution,

precipitation and compound formation [166]. The early stage of chemical interactions of

solid ceramics and liquid metals is usually controlled by the process of dissolution of solid

phases; however, once a sufficiently thick layer of an interphase is formed at the interface,

the reaction kinetics is dominated by solute-diffusion [154].

At the initial stage, the reaction between liquid Al and B4C is carried out at some

location [28], where B4C is decomposed into B and C atoms to rapidly saturate the molten

metal. In this stage, C and B atoms migrate by the liquid-phase dissolution from the surface

of B4C, and thus called "dissolution". Nucleation and growth of AI3BC and AIB2 crystals

then occur immediately from the liquid Al, and the mechanism is referred to as

"precipitation" [28, 166]. Since nucleation of AI3BC on the B4C surface is easier than that

of AIB2, AI3BC would grow much faster on the B4C particles [28]. When the growths of

AI3BC crystals tend to join together and form a dense layer at the B4C surface, this

"dissolution-precipitation" mechanism would no longer be suitable. Further growth of

reaction product crystals (AI3BC and AIB2) is controlled by the diffusion of B, C, and Al

atoms through the growing AI3BC layer [28]. Thus, it is suggested that the formation of

AI3BC should be reaction-rate controlled, while the formation of AIB2 should be diffusion

controlled [174].
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2.3.4 Properties of AI-B4C composites

In general, particulate-reinforced composites exhibit enhanced stiffiiess and strength

compared to unreinforced matrix materials [1, 2, 37, 40]. However, the improvement in

stiffiiess and strength is generally obtained at the expense of ductility and fracture

resistance. Table 2.2 shows the dependence of the composites' mechanical properties in

terms of different B4C concentrations. It is obvious that the strengths of the composites

increase with the increase of B4C concentrations, while the ductility shows a contrary

tendency. This relationship is independent of the fabrication process, because more load

would be transferred to the reinforcement when the volume fraction is increased, which

results in a higher ultimate tensile strength [36].

Table 2.2

Matrix materials

Al-7Si-0.3Mg
(wt.%)

AA6063

AA6063

AA6351

AA1100

AA1100

Room temperature mechanical properties of Al-B4Ccomposites

Fabrication

Casting, with
K-Al-Ti-F flux
adding, as-cast

Liquid mixing
process, extruded

Liquid mixing
process, extruded
Liquid mixing
process, extruded
Liquid mixing
process, hot
rolling
Liquid mixing
process, cold
rolling

(vol.%)

5

10

6

10.5

10.5

16

15

30

YS
(MPa)

106

120

241

253

265

325

152

199

UTS
(MPa)

165

188

276

286

290

360

165

190

Elongation
(%)

2.8

1.6

10.1

4.2

7

2.5

-

-

Ref.

[146]

[175]

[5]

[176]

[6]
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Previous studies have revealed that smaller particles may provide more strengthening

effects than the larger particles [40, 168, 177, 178]. For example, Kouzeli et al. [168]

reported that given a similar B4C volume fraction of approximately 50%, the AI-B4C

composites with the average particles size of 29 /*m yielded a UTS of 219 MPa, that the

UTS value was decreased to 161 and 130 MPa, when the particle size was increased to 58

and 82 ^m, respectively.

In addition, the strengths of the composites are strongly structure-sensitive with

fabrication defects and the matrix structure [135]. Large volume fractions of fine

reinforcements can yield dislocation strengthening in a manner similar to precipitation-

strengthened materials, whereas the segregation of particles during the solidification

process reduces this strengthening advantage. Thermomechanical processes, such as

forging, extrusion and rolling, have been applied to decrease these structure defects and

improve the composite strength and ductility, by homogenizing the reinforcement

distribution, declusterring the agglomerates, eliminating the porosity and yielding fine

matrix subgrain structures [37, 179-181].
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Chapter 3

Experimental

3.1 Experimental composite design and sample preparation

There are two parts in the investigation. In part I, the effect of Sc, Zr and Ti on the

interfacial reactions between B4C and liquid aluminum was studied. In this study, a series

of AI/B4C couples alloyed with varying amount of Sc, Zr and Ti were prepared to examine

their interfacial reactions. In Part II, the influence of the additions of Sc and Zr on the

microstructure and the mechanical properties of Al-15 vol.% B4C composites was

investigated. In this stage, eight Al-15 vol.% B4C experimental composites containing

different levels of Sc and Zr were designed to understand the evolution of their properties

and examine their micro structures in the as-cast and heat-treated conditions. The details of

the experimental processes were described in the following.

3.1.1 AI/B4C couples

The boron carbide plates used in this study were prepared by hot pressing with 98%

of theoretical density, fabricated by Feldco International (Ladera Ranch, CA, USA) under

the lot# 255BC. The feedstock powder has an average particle size of 7 urn and a purity of
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99.15 wt.% B4C. The chemical composition of the B4C powder, provided by the

manufacturer, is listed in Table 3.1. The plate was cut into a few of rectangular pieces 30

mm long by 3 mm wide by 3 mm thick. All B4C pieces were degreased in alcohol and

ultrasonically cleaned for 5 minutes.

Table 3.1 The chemical composition of B4C powder (wt.%)

B

80.44

B4C

C

18.71

Total

99.15

B2O3

0.196

Fe

0.202

O

0.107

N

0.115

Ca

0.084

Si

0.065

Four aluminum alloys with designed compositions (demonstrated in Table 3.2) were

made from pure Al (99.99%) and different master alloys, namely Al-2 wt.% Sc, Al-15 wt.%

Zr, and Al-10 wt.% Ti. To prepare the experimental alloy bath, approximately 100 g of

pure Al was first melted in an alumina crucible. Desired amounts of Sc, Zr and Ti were

then added into the liquid Al in the form of master alloys. After the molten alloy stabilized

at 730°C, the B4C piece was carefully immersed in the alloy bath and was suspended by a

fixed unit using the experimental set-up shown in Figure 3.1. The molten alloy temperature

was maintained at 730°C for each test. The solid-liquid reaction was stopped after a fixed

reaction time t (t = 2 and 10 h), following the solidification and cooling of the crucible

sample in the air.
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Table 3.2 Chemical compositions of Al alloys used

Alloying elements
No. (wt.%)

1

2

3

Sc

0.30

/

/

Zr

/

0.30

/

Ti

/

/

0.30

0.30 0.30 0.30

Pure Al

Balance

Fixed Unit

Cove

Furnaci

Crucible

B4C coupon

Al alloy
bath

ÏÏ U
Figure 3.1 Schematic diagram of the experimental set-up.

3.1.2 AI-B4C composites

Prefabricated AA1100-25 vol. % B4C with 2.0 to 2.5 wt. % Ti cast billets, supplied

by Rio Tinto Alcan, were used to prepare the experimental composites. The average B4C

particle size (F360) was approximately 23 fim. During the batch operation, commercially

pure aluminum (99.2%) was first melted in a SiC curcible placed in an electric resistance

furnace (Figure 3.2). The master alloys, namely Al-2 wt.% Sc, Al-15 wt.% Zr, and Al-10

wt.% Ti, were then added into the liquid aluminum and held at 800 °C for 40 min to ensure



46

dissolution of the alloying elements. Afterwards, the prefabricated AI-B4C billet was added

into the liquid metal and the composite melt was held at 730 °C for 30 min. Mechanical

stirring was used in order to ensure a uniform distribution of B4C particles in the liquid.

The composite melt was then cast into a rectangular permanent steel mold with internal

dimensions of 30 * 40 x 80 mm. The commercially pure aluminum, master alloys and

prefabricated AI-B4C billets were used in such proportions that the final eight composites

consisted of 15 vol. % B4C and 1.5 wt.% Ti, while the Sc and Zr levels varied accordingly.

The total amount of liquid composites for each batch was approximately 2.5 kg. The

nominal chemical compositions of the AI-B4C materials are shown in Table 3.3.

Table 3.3 Nominal chemical compositions of eight model composites

Composites
code

Base

Z24

S29

S40

S58

SZ29

SZ40

SZ58

Sc

-

-

0.29

0.40

0.58

0.29

0.40

0.58

Zr

-

0.24

-

�

0.24

0.24

0.24

Element (wt.%)

Ti

1.45

1.45

1.45

1.45

1.45

1.45

1.45

1.45

B4C
(vol.%)

15

15

15

15

15

15

15

15

Al

Balance

Note: Z represents the alloying element Zr
S series contain Sc only
SZ series contain both Sc and Zr

LENOVO
Stamp
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Mechanical
stirring device

Resistance
furnace

I�Control panel

�
Figure 3.2 The electric resistance furnace used for batching liquid composites.

3.2 Heat treatment

Heat treatments were conducted to yield the precipitation-strengthening for the

AI-B4C composites. The homogenization and precipitation-strengthening aging procedures

for the castings were carried out in a BLUE-M ELECTRIC furnace with ± 5°C temperature

variation. The temperature was recorded by a unit provided by NATIONAL

INSTRUMENT NI-SCXI-1303. The long-term annealing procedures were conducted in a
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THERMOLYNE electric furnace, with a temperature variation of ± 2°C, connected with a

GRAPHTEC midi LOGGER GL200A system to acquire the temperatures.

3.2.1 Aging for precipitation-strengthening

To evaluate the precipitation hardening responses, the cast samples were

homogenized and aged. It is widely accepted that homogenization temperature and time

have a influence on the subsequent aging process, which is reported to be in the range of

640-658 °C for the Al-Sc-(Zr) alloys [23, 129]. To better determine the homogenization

temperature, the solidus temperatures of two composites with the highest Sc content (S58

and SZ58) were measured using a differential scanning calorimeter (PERKIN ELMER

DSC7). Results showed that two materials have similar solidus temperature around 650 °C.

Hence, the homogenization temperature of Zr-containing materials was fixed at 640 °C,

while temperature of Zr-free ones was set to 635 °C. In addition, considering much lower

diffusion rate of Zr in the Al-matrix , the holding time of homogenization of Zr-containing

materials was selected as 96 hrs, and that for the Zr-free ones was kept at 24 hrs. After

homogenization, samples were immediately quenched into water at room temperature and

subsequently aged at temperatures ranging from 300 °C to 450 °C at intervals of 50 °C for

up to 200 hrs, as listed in Table 3.4.



49

Step

Homogenizatu
(Solution
treatment)

Table 3.4 Heat

Temperature

3n 635

640

treatment parameters applied

Time (h)

24 h (S series)

96 h (SZ series)

in this study

Cooling

Quenched into
water at room
temperature

Aging

300

350

400

450

15 min, 30 min, 1, 4, 10, 24, 50, 100,
150,200

5min, 15 min, 30 min, 1,4, 10, 24, 50,
100,150,200

Cooling in air

3.2.2 Long time annealing

To assess the long-term thermal stability of experimental composite mechanical

properties at elevated temperatures, a long time annealing process up to 2000 hrs was

performed. Prior to the annealing, samples were heat-treated in the peak aging condition

using homogenization followed by aging. The parameters of the annealing as well as the

homogenization and peak aging steps are shown in Table 3.5. It should be mentioned that

the peak aging parameters are based on the experimental results of Table 3.4.

Table

Model
composites

3.5 Heat treatment

Homogenization*

T (°C) Time (h) T (

parameters

Aging

°C) Time

for the

(h) T

long-term annealing

Annealing

(°C) Time (h)

S40 640 24 300 10
250

300 200,500, 1000,
SZ40

640 96 350 10
300 1500,2000

350

*: After homogenization, samples were immediately quenched into water at
room temperature
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3.2.3 Post-rolling heat treatment

The aging responses of as-rolled composite S58 and SZ58 at 300 °C were

investigated. Two rolled experimental composites (S58 and SZ58) were treated at 640 °C

for 24 hrs (homogenization) and aged at 300 °C for up to 100 h; the details of these

parameters are listed in Table 3.6. Furthermore, the influence of homogenization time on

the matrix hardening was also investigated. Details of parameters were listed in Table 3.7.

Table 3.6 Post-rolling heat treatment parameters for aging response investigation

Model Homogenization* Aging

composites T ( ° Q Time (h) T (°C) Time(h)

S58 640 24 300
1,10, 24, 50,100

SZ58 640 24 300

*: After homogenization, samples were immediately quenched into water at room
temperature

Table 3.7 Applied heat treatment parameters for solution-treatment investigation

Model Homogenization* Aging

composites T ( ° Q Time (h) T (°C) Time (h)

S58 640 0.5,1,4,6 300 1,10

*: After homogenization, samples were immediately quenched into water at room
temperature

3.3 Microstructure observation

3.3.1 Optical microscopy

Optical microscopy (Nikon Eclipse ME600) was used to examine the distribution of

B4C particles in the matrix and the evolution of interfacial reactions during heat treatment.
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The samples were mounted and metallographically polished down to 1 micron diamond

suspension. The detailed preparation procedure used for the samples is listed in Appendix

A.

3.3.2 Scanning electron microscopy (SEM)

A scanning electron microscope (SEM, JSM-6480LV) equipped with energy-

dispersive X-ray spectroscopic (EDS) facilities was used to examine the material

microstructure (B4C particles and reaction phases) and the distribution of the alloying

elements. To reveal a three-dimensional morphology of phase constituents, metallographic

samples were deep-etched with 2.5 % HF for 10 minutes. On the other hand, to obtain a

combination between high quality pictures and flat surfaces for element analysis (EDS),

samples were lightly etched with the same etchant for 10 seconds only.

3.3.3 Electron backscatter diffraction (EBSD)

EBSD was used for revealing the evolution of the grain size during the long-term

holding at elevated temperatures. The specimens used for EBSD analysis were directly cut

from the aged sample slice by using a diamond saw, with dimensions of 10 mm * 5 mm x

lmm. Then, the specimens were mounted on the sample holder and one-step ion-polished

on a JEOL SM-09010 Cross Section Polisher operated at 5 kv and 100-110 mA current for

8 h. An HKL Channel 5 EBSD system equipped on the SEM (JSM-6480LV) was

employed for this investigation.
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3.3.4 Transmission electron microscopy (TEM)

Specimens for TEM observation were prepared in order to investigate the interfacial

reaction and the evolution of precipitates after solidification and aging processes as well as

evaluate their volume fraction. To prepare the TEM specimens, some foils were directly

sliced from the samples investigated. The thickness of each slice was controlled around 500

fim. The disks 3 mm in diameter were then punched from the foils and metallographically

polished on both sides to thicknesses of-100 /zm. Afterward, the disks were mechanically

dimpled and their central thicknesses were further decreased to several micro. After final

perforation on a Gatan PIPS (Model 691), the disks were immediately stored in a vacuum

dessicator.

TEM samples were examined in a JEM-2100 electron microscope, operating at 200

kV and equipped with an EDS system. Dark-field images of the precipitates were formed

using the (100) superlattice reflections of precipitates near the [011] direction and were

used for calculating the size. Two-beam diffraction conditions were utilized. The thickness

of the foil was determined via electron energy loss spectroscopy (EELS). Precipitate

dimensions were determined using image-analysis software (Clemex). Moreover, for all

morphologies, the diameter of the precipitate was reported by determining the diameter of

an area-equivalent circle.
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3.4 Evaluation of mechanical properties

3.4.1 Hardness

Two hardness tests, Vickers microhardness and Rockwell macrohardness, were

applied to evaluate the properties of the AI-B4C composites in this research, performed on

a QUALI TEST HVS-1000 and a QUALIROCK-RS tester, respectively.

3.4.1.1 Vickers microhardness

Preliminary tests revealed that larger applied loads resulted in a pronounced error in

the measurements due to the increased possibility for the indentator to be impressed on/near

the ceramic particulate. Therefore, according to the ASTM standard E92-82, the test load

was fixed to be 25 g for an indentation time of 15 s, with the diagonal of impression in the

range of 25�40 jiim. All hardness samples were polished to a surface roughness of around 1

micron. A minimum of 20 measurements were performed on the matrix of each sample.

The mean value and standard deviation were calculated and reported.

3.4.1.2 Rockwell hardness

Based upon ASTM E384 standards, Rockwell hardness in F-scale (HRF, 60 kgf force

and 1.588-mm steel-ball diameter) was measured for the samples, represented by the

average value of 10 independent measurements.

3.4.2 Compression test

Room-temperature compression tests (MTS 810 Material Testing system) were

carried out to measure the compressive strengths. Based on the ASTM standard E9-89a,
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cylinders with a length/diameter ratio of 1.5 (12 mm length and 8 mm diameter) were

prepared. The total deformation was 0.3 and the strain rate was fixed at 10"3 s1. An average

value was obtained from four tests in the same condition.

3.5 Hot rolling process

The cast ingots of two composites, S58 and SZ58, with a dimension of 28 x 40 x 80

mm were hot-rolled on a laboratory scale rolling mill (STANAT CX-100), as shown in

Figure 3.3. Due to the limited capacity of the small mill, multi-passes (a total of 35) were

applied during the hot rolling process. The thickness of the cast ingot was reduced from the

initial value of 28 mm to a final thickness of 2 mm, with a total deformation rate of 93%.

The rectangular cast ingot and the final rolling sheets are demonstrated in Figure 3.4.

Before the rolling, the cast ingots of S58 and SZ58 were homogenized at 635°C for 24 h

and 640°C for 96 h, respectively. Prior to the rolling process, the ingots were preheated to

500 °C for 30 minutes. After several passes, to avoid the edge cracking, the plates needed

to be heated back to 500 °C. These heating processes were repeatedly performed in the

whole rolling procedure, and the related soaking times varied from 5 to 30 mins, depending

on the thicknesses of the intermediate plates. The detailed hot-rolling procedure is listed in

Appendix B.
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Figure 3.3 STANAT CX-100 laboratory scale rolling mill used for rolling.

wÊÊK^ÊÊ
......

8 © . iiO3AS3» . 1

b

Figure 3.4 The original rectangular cast a and the final rolling sheet b.
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Chapter 4

Effect of Sc, Zr and Ti on the interfacial reactions

4.1 Introduction

Scandium, Sc, atomic number 21, is the first element in the Group III transition

metals of the Periodic Table. Close to Sc are Ti and Zr, the first and second elements in the

Group IV transition metals with atomic numbers 22 and 40, respectively. These three

alloying elements exhibit behavior in aluminum alloys. When introducing Sc and Zr into

the B4C/AI system, it is expected that both Sc and Zr will react with B4C to form reaction

products as reported in the Ti case [26, 152] which may have the beneficial effect of

preventing the decomposition of B4C in liquid aluminum. On the other hand, such reactions

can consume certain amounts of Sc and Zr that are necessary for precipitation strengthening

of the Al-matrix. The ultimate properties of AI-B4C composites depend on the interfacial

bonding and the response of the matrix to precipitation hardening. However, the chemical

reactivity of Al-Sc and Al-Sc-Zr alloys with B4C is almost unknown and public

information concerning the interfacial reactions in such multi-component systems is very

scarce.
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In this chapter, the hot pressed boron carbide plates were used to investigate the

effect of Sc, Zr and Ti on the interfacial reactions and resultant microstructures of B4C/AI

couples (see 3.1.1). Four experimental aluminum alloys with different Sc, Zr and Ti

contents were prepared (Table 3.2) and the B4C plates were immersed in the alloy baths to

study the so lid-liquid reactions (Fig. 3.1). The influence of each alloying element will be

identified by its individual addition, while the overall effects of all three elements will be

studied by three combined addition to the E^C/Al-Sc-Zr-Ti system. The interfacial

morphology, element distribution, as well as the reaction-induced phases at the interface for

each system, have been characterized. This will provide some guidance for the

development and manufacture of B4C particulate reinforced aluminum MMCs.

4.2 Results

4.2.1 Morphology and type of interfacial layers

Figure 4.1 shows the morphology of interfacial layers of B4C/AI alloys with

individual or combined additions of alloying elements after a 10-hour reaction period. In all

the experiments, independently of the reaction time, two distinctive layers are observed at

the interface of B4C with molten aluminum. The lamellar layer close to the surface of boron

carbide is composed of fine crystals and the serrated layer on the side of the Al-matrix is

made up of coarse faceted crystals with growth orientations towards the aluminum matrix.
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Figure 4.1

Al-matrix

Serrated (coarse crystal)
layer

Lamellar (fine crystal) layer

B4C

SEM micrographs of the deep-etched samples revealing the morphology of
the interface after 10 hours reaction time: a B4C/Al-0.3Sc, b B4C/Al-0.3Ti,
c B4C/Al-0.3Zr, and d B4C/Al-0.3Sc-0.3Zr-0.3Ti. e Schematic diagram
illustrating interfacial layers.

It is evident that all four aluminum alloys react with B4C and form a fine crystal layer

followed by a pile of coarse particles (the coarse crystal layer). After a 2-hour reaction

period, it was observed that the fine crystal layer already enclosed all of the B4C plates

surfaces and formed a continuous layer in the four alloy systems. Some rough particles
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randomly grew from the fine crystal layer towards the Al-matrix and formed a

discontinuous layer. With the reaction prolonged to 10 hours, the thickness of the fine

crystal layer increased with different rates in each system. Large particles attached to the

fine crystal layer continued to grow and coarsen in the direction of the Al-matrix. Figure

4.2 illustrates the growth of the interfacial layers with reaction time in examples of the

B4C/Al-Ti and B4C/Al-Zr systems.

From the perspective of diffusion, the fine crystal layer can act as a real diffusion

barrier in the separation of B4C from liquid aluminum and, in consequence, the degradation

of B4C may be effectively restrained. Therefore, the average thickness of the fine crystal

layer for each B4C/AI system was measured after reaction periods of 2 and 10 hours. And

the thickness of the layer was not uniform on the micro-scale, the average value was taken

from the measurements of SEM images over 50 iterations. Results are plotted in Figure 4.3.

In the case of adding the alloying element individually, the Al-Sc alloy produced the

thickest layer that reached approximately 0.5 jtun after a 2-hour reaction period. The

thicknesses of the fine crystal layers were almost equivalent for the Al�Zr and Al-Ti alloys

and were about 0.25 ^m after holding in the liquid aluminum for 2 hours. As may be seen,

values were only half that observed in the Al-Sc system. It is interesting to notice that the

combined introduction of all alloying elements produced a fine crystal layer whose

thickness was almost equal to that obtained with the Al-Ti and Al-Zr systems.

LENOVO
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Figure 4.2 SEM images showing the interfacial layers at different reaction times: a 2
hours and b 10 hours in B4C/Al-Ti system; c 2 hours and d 10 hours in
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Figure 4.3 The thickness evolution of the fine crystal layer in different alloy systems
after 2 and 10 h reaction times.
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When the reaction time was prolonged to 10 hours, the thickness value of the fine

crystal layer increased by 140%, 90% and 8% for the Al-Sc, Al-Ti and A ^ r systems,

respectively, when compared to the values obtained after the 2-hour reaction period. The

fine crystal layer of the Sc-containing system reached approximately 1.4 /xm and was nearly

2.4 times thicker than that for the Ti-containing system. The Zr-containing system showed

the thinnest fine crystal layer and there was almost no increase in the thickness as the

reaction time increased from 2 to 10 hours. Regarding the combined addition of alloying

elements, the thickness of the fine crystal layer increased slowly by about 24% with the 2 to

10-hour increase in reaction time, which was less than that observed for the Ti-containing

system.

4.2.2 Interfacial micro structure of B4C/Al-Sc alloy

Transmission electron microscopy (TEM) was used to investigate the detailed

microstructure and reaction components of the B4C/Al-Sc alloy (Figure 4.4). It can be seen

from Figure 4.4 a that the B4C surface was covered with a polycrystalline layer with the

crystals exhibiting random orientations, as well as large faceted particles extending from

the fine crystal layer. The EDS line scan of Al, B, C and Sc (Figure 4.4b) shows the

element distributions across the interface, including the polycrystalline layer and the coarse

particle layer. Based on the profiles of the elements, the fine-crystal layer can be divided

into two sublayers. The first sublayer, adjacent to the surface of B4C, was enriched with Al,

B and C. The second sublayer, adjacent to the coarse particles, was a Sc-rich lamella
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containing Se, Al, B and C. Moreover, towards the Al-matrix, three elements, i.e. Al, Se

and C, were detected in the coarse particles.

Selected area electron diffraction (SAED) patterns were taken at the different

locations for identifying the reaction components and phases. In location I, the component

in the first sublayer of the fine crystal layer was indexed to be AI3BC (Figure 4.4 c). In the

second Sc-rich sublayer, the ring patterns from location II were determined to be a mixture

of AI3BC, ScB2 and AI3SCC3 fine crystals (Figure 4.4 d). In the outer coarse particle layer,

two phases were identified using the tilt-series technique. In location III, the facetted

particles, growing towards the Al-matrix were identified as AI3SCC3 (Figure 4.4 e-f). The

hexagonal particle in location IV, also adjacent to the Al-matrix, was recognized as ScB2

(Figure 4.4 g-i). It is clearly apparent that in the B4C/AI-SC system, the fine crystal layer is

composed of AI3BC, ScB2 and AI3SCC3 fine particles, while the coarse layer consists of

large AI3SCC3 and ScB2 particles.
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Figure 4.4 a Bright-field STEM image of interfacial layers in Sc-containing AI-B4C
system, b EDS line scan of Al, Sc, B and C along the arrow in a, c SAED
ring pattern from selected area I: 1, Al3BC(101); 2, A13BC(1O2); 3,
Al3BC(001); 4, B4C(104), d SAED ring pattern from selected area II: 1,
ScB2(110); 2, ScB2(100); 3, ScB2(201); 4, ScB2(211); 5, A13BC(116); 6,
Al3BC(203); 7, Al3BC(101); 8, A13BC(1O4); 9, A13BC(112); 10,
Al3ScC3(004); 11, Al3ScC3(002); e-f Al3ScC3 phase electron diffraction
patterns corresponding to the selected area III at the respective zone axes
[2TT0] and [1T00]; g-i ScB2 phase electron diffraction patterns from the
selected area IV at the respective zone axes [000T], [1126] and [0114 ].
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4.2.3 Interfacial micro structure of B4C/Al-Zr alloy

The interface of B4C/Al-Zr alloy was also studied in detail by TEM, where the B4C

surface was covered with two interfacial layers (Figure 4.5 a). The annular dark-field

STEM image illustrates that two sublayers exist in the fine-crystal layer: a dark-gray

sublayer close to B4C made up of lower Z number elements as well as a white sublayer

enriched in higher Z number elements. The coarse crystal layer consists of large plate-like

particles which extended from the fine crystal layer towards the Al-matrix.

Results of the EDS line scanning indicate that the first sublayer of the fine crystal

layer directly attached to B4C is enriched in Al, B and C, while the sublayer close to the

large particles is concentrated in Zr and B, as shown in Figure 4.5 b. The SAED ring

pattern in location I indicates that the first sublayer consists of AI3BC crystals (Figure 4.5

c). The second sublayer in location II is composed of ZrB2 crystals (Figure 4.5 d). Large

plate-like particles extending into the Al matrix (location III) are confirmed to be a ZrB2

phase by tilt-series technique (Figures 4.5 e-g). In the literature [173], it was reported that

Zr reacted with B4C to form zirconium diboride (ZrB2) and zirconium carbide (ZrC).

However, in this study, no evidence of zirconium carbide formation was found as one of

the reaction products in the interfacial region.
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Figure 4.5 a Dark-field STEM image of interfacial layers in Zr-containing AI-B4C
couple, b EDS line scan of Al, B, C, Zr along the arrow indicated in a, c
SAED ring pattern from region I showing: polycrystalline AI3BC: 1, (101); 2,
(102); 3, (103), d SAED ring pattern from region II: 1, Al (200); 2, ZrB2

(102); 3, ZrB2 (200); 4, ZrB2 (211), 5, ZrB2,(104), e-g ZrB2 electron
diffraction patterns corresponding to the selected area III at the respective
zone axes of [2243 ], [1121 ], and [2576].

4.2.4 Interfacial microstruture of B4C/Al-Ti alloy

For the B4C/Al-Ti system, it was clearly observed that a fine crystal layer continually

covers the surface of B4C and a number of large particles attach to this layer and grow

towards the Al-matrix (Figure 4.6 a). The EDS line scan from the B4C to the Al-matrix

revealed some Al, B, C in the B4C side of the interface and it changed to mainly Ti and B

towards the Al-matrix side (Figure 4.6 b), suggesting the presence of AI3BC and TiB2

compounds in the fine crystal layer as well as TiB2 particles in the coarse crystal layer. The
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nature of the interfacial reactions between B4C and Al-Ti alloys has been established in

recent studies [25, 26, 152]. It was identified by TEM that, while the reaction products

close to B4C were AI3BC crystals and fine crystals of TiB2 in the nano scale, the coarse

particles near the Al-matrix were identified as TiB2 phase [25, 152].

2 3 4 5
Distance (tim)

Figure 4.6 a SEM image of interfàcial layer of B4C/Al-Ti couple, b EDS line profiles
showing major element distributions along the white arrow in a.

4.2.5 Interfacial microstructure of B4C/Al-Sc-Zr-Ti alloy

In the case of combined addition of all three alloying elements, the typical

microstructure of reaction layers in the interface is shown in Figure 4.7 a. It can be seen

that the B4C surface is covered with a light-grey sublayer which contains Al, B and C

(Figure 4.7 b). There is also a dark-gray sublayer which measures approximately 0.1 fim in

thickness and is composed of many tiny nano-size crystals. Results of the EDS line scan

indicate that this sublayer is enriched in Ti, Sc, and B with a small amount of Zr (Figure 4.7

b). Several coarse particles, ranging from 0.2 to 2 fim, make up the discontinuous coarse

layer towards the Al-matrix side. This coarse layer is concentrated with Ti and B and
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contains traces of Sc and Zr. It is interesting to note that a large amount of Ti is

concentrated in the interfacial layers, while small amounts of Sc and Zr are detectable at the

interface.

The SAED ring pattern in area I confirms that the first sublayer close to the B4C plate

consists of polycrystalline AI3BC (Figure 4.7 c). The second sublayer, adjacent to the

coarse particles in area II, is composed mainly of TiB2 type nano-crystals (Figure 4.7 d), in

which Sc and Zr atoms may replace some Ti atoms in the TiB2 phase. The outside coarse

layer near the Al-matrix (area III) consists of large single-crystal TiB2 type particles (Figure

4.7 e-g) which contain a trace amount of Sc and Zr.
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Figure 4.7 a Bright-field STEM image of interfàcial layers in Sc, Zr, and Ti containing
AI-B4C couple, b EDS Une scan of Al, B, C, Sc, Zr, and Ti along the arrow
indicated in a, c SAED ring pattern from region I showing polycrystalline
AI3BC: 1, (101); 2, (105); 3, (103); 4, (110), d SAED ring pattern from
region II showing polycrystalline AI3BC and TiB2: 1, TiB2 (101); 2, AI3BC
(110); 3, TiB2(201); 4, A13BC(2O1), e-g TiB2 electron diffraction patterns
corresponding to the selected area III at the respective zone axes of [Olio],
[213ÏÏ3], and[Ï540].
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4.3 Discussion

The microstructural observation reveals that all B4C/AI systems studied in this work

show some common features at the interface. The instability of boron carbide in liquid

aluminum triggers the interaction between B4C and the melt. All three alloying elements

react with B4C and form reaction products and layers covering the B4C surface. The

interfacial region consists of two distinctive layers: a fine crystal layer close to the B4C

surface and a coarse crystal layer near the Al-matrix. During immersion testing, the B4C

plate contacts with the liquid aluminum and alloying elements which react with the B4C.

This leads to the dissolving and release of B and C atoms into the molten aluminum. Since

the solubility of boron and carbon in aluminum is low (~ 1000 ppm for boron at 1000 K [28]

and 6 ppm for carbon even at 1223 K [182]), carbides and bo rides precipitate from the

saturated liquid as reaction products. The fine reaction crystals form at the surface of the

B4C. As the number of fine crystals continues to increase with increased reaction time, they

build up the first interfacial layer that progressively encloses all the B4C surfaces. When the

reaction time is prolonged, the reaction particles begin to grow and coarsen towards the

liquid aluminum.

In the binary B4C/AI system, reaction between B4C and liquid aluminum takes place

according to the following interfacial reaction [25, 28]:

9A1 + 2B4C = 2A13BC + 3A1B2 (Eq. 4.1)

Two reaction products, AI3BC and AIB2, form at the interface. In our preliminary

tests, the interfacial reaction between pure liquid aluminum and the B4C plate was also
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studied in the immersion testing. Results showed that the formation of AI3BC and AIB2 at

the interface led to a quick decomposition of B4C, which confirmed the fact that these two

compounds are unable to prevent the attack of liquid aluminum on B4C [25, 26, 28, 152].

With the addition of alloying elements, the interfacial layers formed at the B4C surface can

act as a diffusion barrier to limit the decomposition of B4C. From the diffusion perspective,

the fine crystal layer is dense and continuous, and therefore it becomes a real barrier in

avoiding the direct contact of B4C with the liquid aluminum, and results in transforming a

fast liquid diffusion-controlled process into a slow solid diffusion-controlled process. On

the other hand, the coarse crystal layer is less dense and of a discontinuous nature and in

consequence, it is less effective in separating B4C from liquid aluminum. Due to a high

affinity with boron and carbon, all three alloying elements exhibit somwhat similar

behavior in the B4C/AI system, showing that they are concentrated and consumed at the

B4C/AI interface to form reaction products and layers.

Recent research in the AI-B4C composites revealed that, with the Ti addition in the

B4C/AI alloy, the following interfacial reaction replaces the reaction (4.1) [26]:

6A1 + 3Ti+ 2B4C = 2A13BC + 3TiB2 (Eq. 4.2)

The reaction products AI3BC and TiB2 built a protective layer surrounding the B4C

surface. In the B4C/Al-Zr alloy, it is found that the fine crystal layer consists of AI3BC and

ZrB2, while the coarse layer is mainly made of ZrB2 particles. Similar to the B4C/Al-Ti

system, the interfacial reaction in the B4C/Al-Zr alloy can be formulated as follows:

6A1 + 3Zr + 2B4C = 2A13BC + 3ZrB2 (Eq. 4.3)

LENOVO
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In the B4C/AI-SC system, it is identified for the first time that three reaction products

exist in the interfaeial microstructure, namely AI3BC, ScB2 and AI3SCC3. The equation for

the interfaeial reaction of this system can be expressed as:

9A1 + lOSc + 5B4C = 2A13BC + Al3ScC3 + 9ScB2 (Eq. 4.4)

Taking into account the combined addition of all three alloying elements, mainly two

reaction products (AI3BC and TiB2 type crystals) in the B4C/Al-Sc-Zr-Ti system are

identified in the fine crystal layer, although some Sc and Zr are also detected in this layer.

The outside coarse crystal layer is confirmed to be in the majority of T1B2 type crystals that

also contain traces of Sc and Zr. Due to the fact that most of the Ti but only a small amount

of the Sc and Zr concentrate at the interfaeial reaction layers, it is reasonable to believe that

the interfaeial reaction in the B4C/Al-Sc-Zr-Ti alloy is dominated by reaction (4.2).

It is worth pointing out that all above mentioned interfaeial reactions and their

reaction phases took place in the liquid stage. During the immersion tests, after the B4C

plate contacted with liquid aluminum for several hours (2 to 10 hrs) at 730°C, the crucible

sample was cooled and solidified in the air. The freeze time of the sample was a few

minutes, which was too short to form the reaction products during solidification. It is

reasonable to believe that all reaction phases that were identified by SEM/TEM were

formed during liquid holding.

It is observed that the thickness of the fine crystal layer varies with different alloying

elements. The B4C/AI-SC alloy yields the thickest layer after 2 and 10 hours reaction

periods. According to the TEM result (Figure 4.4), the ring patterns of the fine crystal layer
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are made up of discrete spots suggesting relatively large-size crystals of reaction products

collected at the interface. Large grains pile up at the interface as a barrier layer, making it

less effective to restrain the diffusion of boron and carbide out of the B4C. As a result, and

although a large amount of Sc is consumed at the interface, it is still inefficient to prevent

B4C decomposition. The B4C/Al-Ti alloy shows a medium thickness of the fine crystal

layer after 10 hours of holding. It has been demonstrated that a Ti-rich layer forms at the

B4C interface and its reaction product TiB2 is an efficient barrier to limit B4C

decomposition [5, 25, 26, 140, 152]. The ring patterns of the TiB2 layer obtained in the

B4C/AI-T1 system show many continuous rings, which is recognized as the finest TiB2

crystals on the nanometer scale [152]. On the other hand, the B4C/Al-Zr alloy possesses the

thinnest layer among the three individual alloying additions, which may suggest that Zr is a

potential candidate for stabilizing B4C during the manufacturing process of AI-B4C

composites.

When introducing all three additives into the B4C/AI system, the thickness of the fine

crystal layer after 10 hours of holding is very moderate and lies between the B4C/Al-Ti and

B4C/Al-Zr alloys. TEM results show that most of the Ti is concentrated at the interface and

the layer is composed mainly of a number of TiB2 type nano-crystals. It is evident that,

when co-existing with Sc and Zr, Ti not only offers appropriate protection of the B4C but

also greatly reduces the consumption of Sc and Zr at the interface.

The Al-Sc alloy exhibits particular promise for developing a thermally stable matrix

due to the forming of fine and coherent AI3SC precipitates upon aging. The addition of the

http://www.rapport-gratuit.com/
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slow diffusing element Zr, which is soluble in AI3SC, has the potential to increase the

coarsening resistance of AI3SC precipitates and thus improve the thermal stability of the

matrix during prolonged exposure at elevated temperatures [118, 183]. Moreover, it is

reported that Ti is also a candidate as a ternary alloying element to the Al-Sc alloy for

stabilizing the precipitate structure and improving the coarsening resistance [183].

Considering the commercial benefits, Sc and Zr, in the form of aluminum master alloys, are

more expensive than Ti. Therefore, it is desirable for the thermally stable AI-B4C

composites that Ti be primarily used at the interface to prevent B4C degradation while most

of the Sc and Zr remain in the Al-matrix for precipitation strengthening.

By individual addition of three alloying elements in the B4C/AI system, the alloying

element is enriched at the B4C/AI interface and bonded in the reaction products, which

leaves too little to contribute to the precipitation strengthening. In the case of the combined

addition of Sc, Zr and Ti, most of the Ti is enriched at the interface to build up protective

layers around the B4C and the concentration of Sc and Zr at the interface decreases greatly.

Results obtained in this study give an interesting promise that satisfies two important

aspects of producing thermally stable AI-B4C composites, namely the protection of the B4C

and the response of the matrix to precipitation strengthening.

4.4 Summary

The influences of alloying elements Sc, Zr, and Ti on the interfacial reactions of the

B4C/AI system have been studied in terms of individual and combined additions using

immersion tests. All three alloying elements react with B4C in liquid Al and form
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interfacial layers covering the B4C surface. The interfacial region constitutes two distinctive

layers: a fine crystal layer close to the B4C and a coarse crystal layer near the Al-matrix

side. From the diffusion perspective, the fine crystal layer is a real barrier in avoiding the

direct contact of B4C with liquid aluminum. The thickness of the fine crystal layer varies

with different alloying elements and reaction times.

Three phases of AI3BC, AI3SCC3 and ScB2 are identified as reaction products in the

B4C/AI-SC system. AI3BC and ZrB2 in the B4C/Al-Zr system, as well as AI3BC and TiB2

in the B4C/Al-Ti and B4C/Al-Sc-Zr-Ti systems are respectively confirmed. The interfacial

reactions and the reaction products in each system are outlined.

With individual addition of the three alloying elements in the B4C/AI system, the

alloying element is mainly enriched at the B4C/AI interface and bonded in the reaction

products. In the case of a combined addition of Sc, Zr and Ti, most of the Ti is enriched at

the interface, which not only offers appropriate protection to the B4C but also reduces the

consumption of Sc and Zr at the interface.



CHAPTER 5
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Chapter 5

As-cast microstructure and precipitation evolution

5.1 Introduction

In Chapter 4, the effects of Sc, Zr and Ti on the interfacial reactions between B4C and

melt aluminum were discussed. It was found that, when introducing individual additions of

Sc, Zr or Ti to the AI-B4C system, each element reacted with B4C and was mainly tied up

in the interfacial reaction products. However, in the case of a combined addition of all three

elements, most of the Ti but very little of the Sc and Zr enriched the B4C/AI interface to

prevent B4C decomposition. It is important to note that Ti reduces significantly the

consumption of Sc and Zr in the reaction products and consequently increases the amount

of Sc and Zr retained in the Al matrix, which provides the precipitation strengthening of the

matrix alloy.

In this chapter, Sc or a combination of Sc and Zr are introduced in an Al-15 vol.%

B4C composite presaturated with Ti. Eight experimental composites with different Sc and

Zr levels (Table 3.3) are prepared via conventional casting technique while keeping the B4C



78

and Ti contents constant (the detailed compostions of samples are listed in Table 3.3). The

research focuses on the microstructure and precipitation evolution in the as-cast condition.

Attention is paid to the interfacial reaction and its reaction phases, the nature of the

precipitates and their distribution, as well as the precipitation strengthening effect on the as-

cast composite materials.

5.2 Results

5.2.1 Microstructure of prefabricated material

Figure 5.1 shows optical micrographs of the prefabricated AA1100-25 vol.% B4C

with 2.0 wt.% Ti cast billets, produced by a liquid mixing process [6]. The B4C particles

are uniformly distributed in the Al matrix (Figure 5.1 a). All of the B4C particles have a

straight interface with the Al matrix, and a few reaction products are observed attached to

or close to the B4C particles; three were identified as TiB2 and AI3BC [25, 29, 152]. This

indicates that the B4C particles are well protected from the attack of aluminum and no

serious B4C degradation occurs during the billet manufacture.
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Figure 5.1 Optical micrographs of prefabricated AA1100-25 voL % B4C with 2.5
wt. %Ti cast billets.

5.2.2 Microstructures of as-cast composites

5.2.2.1 Optical microstructure

Figure 5.2 and 5.3 show typical microstructures of as-cast AI-B4C experimental

composites. After alloying and remelting, the B4C particles still remain homogenously

distributed in the AI matrix, and particle agglomeration (cluster) is rarely found. Although

the amount of the interfàcial reaction products does not increase significantly in the matrix,

some reaction products around and close to B4C particles, generated during the melt

preparation can be observed. In all composites containing only Sc (Figure 5.2), no primary

intermetallic phases (AI3SC) appear in the matrix, although the Sc content in one of the

composites (S58) is above the maximum solid solubility of Sc (0.4 wt.%) in aluminum.

However, in all Sc-Zr-containing composites (Zr fixed at 0.24 wt.%), a few primary

intermetallic particles of A^Zr appear in the matrix whose size is similar to that of the B4C

particles (Figure 5.3). EDS analysis detected that a small amount of Ti is retained in these

primary AbZr intermetallic particles, where Ti could substitute some Zr atoms in the A^Zr
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crystals during solidification. The appearance of primary ALjZr particles indicates that the

concentration of Zr in the matrix is slightly above the maximum solubility of Zr in

aluminum, even though some Zr was consumed at the interfaces between B4C particles and

Al (see 5.2.2.2).

**V J * iÀ*'»îr"
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Figure 5.2 Optical microstructures of as-cast composite samples: S58 (a and b), S40 (c
and d), and S29 (e and f).
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Figure 5.3 Optical microstructures of as-cast composite samples of SZ58 (a and b),
SZ40 (c and d), S29 (e and f) and Z24 (g and h). The arrows in a, c, e and g
show the primary A^Zr intermetallic particles.
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5.2.2.2 Interfaces between B4C and aluminum

The surface of each B4C particle is covered by a thin interfacial reaction layer

(usually less than 1 /un), composed of many reaction particles (Figure 5.4). The majority of

those particles are TiB2 type particles, which have a hexagonal morphology. In a three

dimensional view revealed by deep etching (Figure 5.4 b and d), it becomes evident that the

thin reaction zone is a continuous layer covering the entire B4C surface. Moreover, in the

interfacial reaction zone, there are some coarse particles (mainly TiB2) that grow directly

from the reaction zone with random orientation and extend into the Al-matrix. EDS

analysis shows that these TiB2 type particles often contain a trace of Sc or Sc and Zr in the

Al-Sc and Al-Sc-Zr composites, respectively.

Figures 5.5 and 5.6 show more details of the interfacial micro structures obtained by

TEM examination of samples of the composites S58 and SZ58, respectively. In the case of

Al-Sc composites (an example of S58), it can be seen from Figure 5.5 a and b that the B4C

surface is covered with a layer of fine crystals attached to the B4C surface as well as a layer

of coarse crystals extending from the fine crystal layer toward the Al-matrix. The fine

crystal layer can be divided into two sublayers: one sublayer, light grey in color and

adjacent to the surface of B4C, is enriched in Al, B and C and consists of fine AI3BC

crystals (Figure 5.5 a and c), which also is found in other AI-B4C composites [25]; The

second dark grey polycrystalline sublayer containing Ti, Sc and B, is composed of two

types of fine crystals, TiB2 and ScB2, as confirmed by the selected area electron diffraction

(SAED) pattern taken from in the location I (Figure 5.5 a, c and d). Furthermore, the

amount of titanium is much higher than the Sc detected at the interface, indicating that the
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second polycrystalline sublayer mainly consists of the fine TiB2 crystals. In the coarse

crystal layer, two compounds are identified. In the location II the plate-like hexagonal

particle is recognized as TiB2 (Figure 5.5 a and e). The faceted particle in location III,

growing toward the Al-matrix, is identified as AI3SCC3 (Figure 5.5 b and f).

M
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Figure 5.4 SEM micrographs of S58: a light-etched, b deep-etched; and SZ58: c light-
etched and d deep-etched.
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Figure 5.5 a, b Bright-field STEM images of typical interfacial morphologies in as-cast
composite S58. c Composition profiles along the arrow indicated in a. d
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The typical microstructure of reaction layers in the Al-Sc-Zr composites (SZ58) is

shown in Figure 5.6, which is very similar to that of the Al-Sc composites (S58). At the

interface between B4C and Al, there is a layer of fine crystals attached on the B4C surface

and a layer of coarse crystals adjoining aluminum matrix (Figure 5.6 a and b). In the fine

crystal layer, a great number of tiny crystals on the nanoscale covered the entire B4C

surface. Two sublayers exist here: one exhibiting light-grey color close to B4C is made up

of AI3BC crystals, and one with dark-gray is composed of polycrystalline TiB2 and ScB2,

identified by the SAED in the location I (Figure 5.6 a and d). Results of EDS line scanning

reveal that the dark-gray sublayer is enriched with a high amount of Ti and a small amount

of Sc (Figure 5.6 c), suggesting a majority of T1B2 and a minority of ScB2 fine crystals in

this sublayer. Moreover, a trace level Zr is also detected at the interface. Since the possible

reaction product ZrB2 has the same hexagonal structure as ScB2 and both compounds have

similar lattice constants (for ZrB2: a = 3.170 Â, c = 3.530 Â [184]; for ScB2: a = 3.148 À, c

= 3.515 Â [185] ), it is difficult to distinguish them from each other by the selected area

diffraction patterns. Therefore, the trace Zr is expected to exist in the following two

possible ways: either in the form of ZrB2 or by substituting some Ti or Sc atoms in the TiB2

and ScB2 crystals.

The SAED pattern in location II (Figure 5.6 e) confirms that the large plate-like

particles extending into the Al-matrix are TiB2 type crystals, containing traces of Sc and Zr.

The faceted particles toward the Al-matrix are identified as AI3SCC3 (Figure 5.6 f).
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Figure 5.6 a, b Bright-field STEM images of typical interfacial morphologies in as-cast
composite SZ58. c Composition profiles along the arrow indicated in b. d
SAED ring pattern from selected area I: 1, TiB2(001); 2, ScB2(100); 3,
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selected area III at the zone axis [10283].
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It is interesting to observe that the highest peak of Sc in both composites (S58 and

SZ58) is very close to B4C and lies in front of the fine TiB2 layer. It suggests that Sc atoms

are able to diffuse across the existing TiB2 layer formed in prefabricated cast billets.

5.2.2.3 Precipitates in the as-cast condition

Figure 5.7 displays TEM micrographs of the as-cast precipitates of AI3SC and

Al3(Sc,Zr) in the as-cast composites of S58 and SZ58, respectively. The AI3SC precipitates

in the Al-Sc composite (S58) exhibit spheroidal morphology and are distributed

homogeneously in the Al-matrix (Figure 5.7 a). They have an average radius of 3.0 ± 0.9

nm and a volume fraction of 0.14%. The Al-Sc-Zr composite (SZ58) produces a

combination of spheroidal and cellular-cubic precipitates, Al3(Sc,Zr), see Figure 5.7b and c.

The Al3(Sc,Zr) precipitates have an average radius of 3.4±1.7 nm (spheroidal shape) and

8.7±4.1 nm (cellular-cubic shapes), respectively. The total volume fraction of the

precipitates is 0.29%. In comparison to the Al-Sc composite, the effect of Zr addition on

the precipitate volume fraction is obvious. At the same Sc level, the Al-Sc-Zr system

produces approximately twice the amount of precipitates, which has a significant impact on

the precipitation hardening.
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Figure 5.7 Dark-field TEM images showing the precipitates in the matrix of the
composites S58 a and SZ58 b and c.

In general, such precipitates in the nanometer scale distribute uniformly in the matrix.

However, a precipitate free zone (PFZ) is observed both near the grain boundaries (Figure

5.8) and close to the front of the interfaces of ceramic particles (Figure 5.9). The width of

the PFZ near the grain boundaries in the Al-Sc composite (S58) varies in a range of

50-200 nm. As phenomenon is also found in the Al-Sc-Zr composite (SZ58). Generally,

the formation of PFZs at grain boundaries can be explained by the depletion of solute

elements or vacancies since the lack of solute elements or vacancies makes it difficult for

precipitate nucleation to occur [186, 187].

In the area adjacent to the interfaces of the ceramic particles, a precipitate free zone

with a width of 2 to 2.5 um can be clearly identified (Figure 5.9). A similar PFZ is also

observed in the Al-Sc-Zr composite (SZ58). It is worth mentioning that the width of the

PFZ at the interface is much wider than that at the grain boundaries. In the interfacial

microstructure (Figure 5.5 and 5.6), it is found that a considerable amount of Sc is present

in the interfaces for both composites. These Sc atoms react with B4C and are fixed at the



89

interface, thereby removing sufficient solute from the adjacent zone. This solute-depleted

region near the interface finally becomes the PFZ.

Figure 5.8 A precipitate free zone existed near the grain boundary (S58) using the
superlattice reflection (100) of Al3Sc particles near the [100] zone axis.
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Figure 5.9 A precipitate free zone at the interface of the composite S58. a bright-field
STEM image of the interface; (b, c, and d) enlarged dark-field images of
zoom-in areas (squares) in (a) taken from locations away from the interface
by 4.5 ^m, 2.5 pm. and 300 nm, respectively.

5.2.3 Precipitation strengthening

The precipitation strengthening effects on the Al-matrix of all experimental

composites were monitored by Vickers hardness measurements. The hardness values of the

composites in as-cast, as-homogenized, and peak-aged conditions are illustrated in Figure

5.10. No precipitation strengthening is observed in the base composite due to the absence

of any precipitate in its matrix. The addition of Zr to the base composite (Z24) produces no
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strengthening effect in both as-cast and homogenized conditions. But it shows a limited

precipitation hardening in the peak-aged condition, probably due to the precipitation of a

small amount of A^Zr precipitates in the matrix [188]. The Al-Sc composites (S29, S40

and S58) exhibit an obvious strengthening effect in both as-cast and peak-aged conditions.

The higher the scandium level, the higher the strengthening effect exhibited by the

composites. Moreover, a pronounced synergistic effect on the precipitation strengthening is

observed when both Sc and Zr are present (SZ29, SZ40 and SZ58). Each Al-Sc-Zr

composite produces higher hardness values than the corresponding Al-Sc composite in

both as-cast and peak-aged conditions. For example, the microhardness values of the

composite S29 are 38 HV and 45 HV while the composite SZ29 exhibits hardness values of

42 HV and 60 HV in the as-cast and peak-aged condition (300 °C), respectively. The

hardness values of the latter are increased by 11% in as-cast condition and 33% in the peak-

aged condition compared to the former.

It is worth noting that the hardness values of all homogenized composites are back to

the similar low level as that of the base composite, indicating that all precipitates formed in

the as-cast condition can be completely dissolved during homogenization. Certainly, they

reappear in the matrix during the aging process and produce higher hardness values in the

composites.
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Figure 5.10 Vickers microhardness of the matrix of experimental composites in as-cast,
as-homogenized and peak-aged conditions.

5.3 Discussion

5.3.1 Interfacial reactions

In the AI-B4C system, B4C is not stable in liquid aluminum [28, 29, 160]. During

melting and casting, B4C continually decomposes, which decreases the fluidity during

casting and deteriorates the mechanical properties [25, 26]. With the addition of Ti to the

Al�B4C composites, the interfaces between Al and B4C becoms enriched in Ti and the

following reaction takes place [26]:

6A1 + 3Ti + 2B4C = 2A13BC + 3TiB2 (Eq.5.1)
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The reaction products, AI3BC and TÎB2, build a protective layer surrounding the B4C

surface to restrain the decomposition of B4C [25, 26, 152]. The prefabricated AA1100-25

vol.% B4C cast billets containing 2.0 wt.% Ti, and all B4C particles in this material were

covered by this interfacial reaction layer.

Sc and Ti are adjacent transition elements in the periodic chart, and they show similar

behavior in liquid aluminum. When Sc is introduced into the Ti-presaturated composites, it

is found that Sc concentrates at the interfaces and is involved in interfacial reactions with

B4C In addition to the interfacial reaction (5.1), the following reaction with Sc also occurs.

9A1 + lOSc + 5B4C = 2AI3BC + Al3ScC3 + 9ScB2 (Eq. 5.2)

The four reaction products formed in the interfacial layer are confirmed by TEM to

be, AI3BC, TiB2, ScB2 and Al3ScC3 (Figure 5.5 and 5.6). The in-situ interfacial layer

constitutes two sublayers: a fine crystal layer close to the B4C consisting of AI3BC, TiB2

and ScB2, and a coarse crystal layer adjacent to the Al-matrix made up of TiB2 and AI3SCC3.

EDS results indicate that the major compound is TiB2, besides which, two minor amount of

ScB2 and AI3SCC3 co-exist in the interfacial layer. These Sc-containing reaction products

may bring some benefit by further stabilizing B4C and preventing B4C from the

decomposition during melting. However, the interfacial reaction consumes a considerable

amount of Sc, which is no longer available for the precipitation strengthening.

When Zr, in combination with Sc, is added in AI-B4C composites, only a trace level

of Zr is detected in the interfacial reaction zones and no major Zr reaction product is

recognized by TEM (Figure 5.6). The consumption of Zr at the interfaces should be very
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limited so that most Zr atoms are retained in the matrix, which is essential for precipitation

hardening.

5.3.2 Solute concentration of Sc and Zr in the matrix

The precipitation strengthening of the composite relies on the solute concentration of

Sc and Zr in the matrix. However, there is no effective method to precisely quantify the

amount of alloying elements retained in the AI-B4C composite matrix. It is well known that,

during the aging process, the precipitation strengthening depends on the volume fraction

and the size of the precipitates in the material which is in turn controlled by the solute

concentration and the aging temperature [33, 52, 60]. Therefore, materials with the same

peak value at a given aging temperature would have similar alloying element

concentrations. Based on this principle, we compare the peak hardness obtained at 300°C in

a series of the binary Al-Sc alloys reported in the literature [18, 19, 84, 106, 108, 109] with

the values obtained in the experimental composites. The equivalent concentration of Sc and

Zr in the matrix may therefore be assessed (Figure 5.11).

For the Al-Sc composites, the peak microhardness values of the S29 (0.29 wt.% Sc),

S40 (0.40 wt.% Sc) and S58 (0.58 wt.% Sc) composites are equivalent to those values

exhibited by binary Al-0.15, 0.2 and 0.3 wt.% Sc alloys. It suggests that approximately half

of the Sc is retained in the matrix for the precipitation hardening while the other half is

consumed at the interfaces. In other words, doubling the Sc amount is necessary in AI-B4C

composites to achieve the same strengthening effect in binary Al-Sc alloys. The higher the
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strength level of the composites required, the more the Sc consumed in the interfaces, and

as a consequence, the higher the concentration of Sc needed.
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Figure 5.11 Peak microhardness at 300 °C vs. Sc concentration of experimental
composites in comparison with that reported in binary Al-Sc alloys.

With respect to the Al-Sc-Zr composites, a few primary AUZr particles appear in the

cast microstructure (Figure 5.3), which indicates that some Zr is bounded in the primary

AbZr crystals upon solidification. According to the Al-Zr binary diagram, primary AbZr

will form when Zr content is higher than approx. 0.11 wt.% at the peritectic reaction [189].

Under non-equilibrium solidification conditions, the peritectic reaction shifts towards a

higher Zr concentration and more Zr can enter the Al-matrix upon solidification to form a

supersaturated solid solution. During the present experimental casting procedures, the

cooling rate in liquid state (730 to 660°C) is about 12 °C-s"! (Table 5.1), which is a normal
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cooling condition for permanent mold casting and direct chill (DC) casting. In such non-

equilibrium conditions, the solute content of Zr after solidification is estimated around 0.15

wt.%.

Results of Figure 5.11 show that, in all three Al-Sc-Zr composites (SZ29, SZ40 and

SZ58), the presence of Zr generates a strengthening effect that is more or less equivalent to

that of 0.1 wt.% Sc in the binary Al-Sc alloys after homogenization and aging. It is reported

that [114, 190], based on the precipitate volume, two times the Zr concentration is needed

to achieve a similar precipitation effect of Sc in aluminum alloy, i.e., the precipitation

hardening effect of 0.2 wt.% Zr in aluminum is equivalent to that of 0.1 wt.% Sc. Again,

based on the Al-Zr binary diagram, the maximum solid solubility of Zr in Al at 640°C lies

around 0.23 wt.% [189]. All three composites experienced a homogenization treatment at

640°C for 96 h. Considering that a small part of Zr is consumed at the interfaces but some

primary intermetallics A^Zr are dissolved during the long homogenization time, the solute

concentration of Zr in the matrix after heat treatment is assessed to be about 0.20 wt.%,

which is higher than that in the as-cast condition.

5.3.3 Precipitation strengthening in as-cast condition

The cooling conditions of the experimental ingots are listed in Table 5.1. To achieve

precipitation strengthening in the as-cast condition, the formation of supersaturated solid

solution upon solidification and the precipitation of coherent precipitates during the

subsequent cooling are both of importance. The solid solubility of Sc in aluminum is very

low and it decreases sharply with decrease in temperature. For example, the solid solubility
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of Sc is 0.30, 0.05 and 0.005 wt.% at 640, 500 and 35O°C respectively [89]. In spite of the

partial consumption of Sc at the interfaces, approximately 0.15, 0.2 and 0.28 wt. % Sc is

still remained in the matrix of the three composites and forms the supersaturated solid

solution upon solidification.

Table 5.1 Measured cooling rates of cast ingots from 730 °C to 300 °C

Temperature range Average cooling rate
TQ ÇC-s"1)

730-660 12.4
650-500 4.3
500-300 08

During the subsequent cooling, if the cooling rate in the solid state is not high enough

to exhibit a quench effect, the supersaturated solid solution decomposes. It is reported that

when the cooling rate in the solid state is below 10 °C-s~' in Al-Sc alloys, the nano-size

precipitates are able to generate from the supersaturated solid solution and display

precipitation-strengthening of the matrix [114, 190]. Therefore, precipitation occurs in the

experimental composites in the as-cast condition based on their appropriate cooling rates

(Table 5.1). The precipitates, AI3SC and Al3(Sc,Zr), uniformly distributed in the matrix of

the respective composite (Figure 5.7), indicating that a quick nucleation and growth of

precipitates occurred during cooling. Taking into account that the cooling time from 500 to

300°C of the experimental composites is about 7 minutes, the incubation time is quite short,

which might be attributed to the excess vacancies in the metal matrix composites. It is

suggested that the vacancies may enhance the diffusion of Sc in the Al matrix, and that the

vacancy clusters act as heterogeneous nucleation sites for AI3SC and Al3(Sc,Zr) precipitates
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[89]. Due to the presence of Zr, the as-cast Al-Sc-Zr composite (SZ58) produces double

the amount of precipitates as the Al-Sc composite at the same level of Sc level. Therefore,

the precipitation hardening effect of Al-Sc-Zr composites is remarkably higher than that of

Al-Sc composites in the as-cast condition. It should be noticed that the as-cast hardness is

generally lower than that at the peak-aged condition (equivalent to 70-90% of the value at

peak aging), due to a short time during cooling (in the order of several minutes), which

does not allow a complete precipitation.

5.4 Summary

In the present study, B4C particulate reinforced aluminum matrix composites alloyed

with varied Sc contents of 0.29, 0.40 and 0.58 wt.% and a fixed Zr content of 0.24 wt.%

were fabricated by the conventional casting process. The interfacial micro structure,

precipitation of AI3SC and Al3(Sc,Zr) as well as the precipitation strengthening effect in the

as-cast and peak-aged conditions were investigated. The following results and findings

were obtained and discussed.

When Sc is added to the Ti-presaturated AI-B4C composites, Sc concentrates at the

interfaces and is involved in the interfacial reactions with B4C. The in-situ interfacial layer

formed enclosing the whole B4C surface consists of two sublayers: a fine crystal layer close

to the B4C, consisting of AI3BC, TiB2 and SCB2, and a coarse crystal layer in the proximity

of the Al-matrix, made up of TiB2 and AI3SCC3. The interfacial reactions consume a

considerable amount of Sc which is then no longer available for precipitation strengthening.
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A trace level of Zr is detected at the interfacial reaction zone when Zr is added in

combination with Sc to the AI-B4C composites. No major Zr reaction product is found at

the interfaces. Therefore, only a small part of Zr is consumed at the interfaces while the

major part of Zr is retained in the matrix for precipitation strengthening.

Precipitation of nanoscale AI3SC and Al3(Sc,Zr) precipitates are observed in the as-

cast microstructure. Both precipitates are formed during cooling after solidification and are

uniformly distributed in the aluminum matrix except near the grain boundary areas and in

front of the interfaces between Al and B4C where the PFZs are found.

The introduction of Sc in AI-B4C composites yields a considerable precipitation

strengthening effect in as-cast and peak-aged conditions. With increased Sc content, the

precipitation strengthening of the composites increases but the consumption of Sc at the

interfaces is also increased. To achieve an equivalent strengthening effect of Sc as that

produced in binary Al-Sc alloys, approximately twice the amount Sc is required in the case

of AI-B4C composites.

The addition of Zr to the Sc containing composites produces a high volume fraction

of Al3(Sc,Zr) precipitates which enhances the significant strengthening of AI-B4C

composites in both as-cast and peak aged conditions.



CHAPTER 6

PRECIPITATION STRENGTHENING DURING

ISOTHERMAL AGING AT 300 - 450 °C
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Chapter 6

Precipitation strengthening during isothermal aging at

300 - 450 °C

6.1 Introduction

In the last two chapters, the feasibility of manufacturing AI-B4C composites with the

additions of scandium and zirconium was demonstrated. Results showed that some Sc and

Zr were enriched at AI-B4C interfaces while certain amount of both elements retained in

Al-matrix. Therefore, the objectives of the present chapter is to investigate the effects of Sc

and Zr on the precipitation strengthening of AI-B4C composites. The produced

experimental composites were homogenized at the temperatures of 635 to 640°C (see 3.2.1)

and were quenched into water. The subsequent aging processes were applied at a

temperature range from 300 to 450°C for up to 200 h (Table 3.4). The thermal stability and

coarsening resistance of AI3SC and Al3(Sc,Zr) precipitates are also assessed. In addition, the

coarsening behavior of the precipitates and their related strengthening mechanisms are

discussed.
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6.2 Results

6.2.1 Age hardening response

6.2.1.1 Al-Zr composites

Figure 6.1 shows the age hardening curves of the Zr-containing composite (Z24) at

300 and 450 °C. At the higher temperature (450°C), the composite does not show any age

hardening response. At the lower aging temperature (300°C), the composite displays a

slight hardening effect. The value of the hardness increases from 33 HV (as-homogenized)

to 37 HV, which is attributed to a possible precipitation of A^Zr precipitates [188]. In the

dilute Zr corner of the Al-Zr system, the system experiences a peritectic reaction with low

liquid solubility of Zr. This peritectic reaction favors the formation of the primary A^Zr

intermetallics and reduces the Zr concentration in the solid solution. The attainable

strengths of Al-Zr alloys are therefore limited. It is reported that, to yield an acceptable

increase of hardness during the aging process, a minimum concentration of 0.3 wt.% Zr and

a cooling rate of 100 °C/s are required [92], which is not satisfied in the case of

conventional casting.

It should be mentioned that all eight experimental AI-B4C composites used in this

study contained a relatively large amount of Ti (1.50 wt.%). The addition of such a large

level of Ti amount is necessary to prevent the B4C degradation and increase the castability

by forming an in-situ protective TiB2 layer on B4C surfaces [5, 25, 26, 152]. Almost all of

the Ti reacts and is consumed at the interfaces between Al and B4C. Moreover, considering

the relatively low liquid solubility but high solid solubility of titanium in the Al-rich corner,
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the free titanium remaining in the solid solution exhibits no strengthening effect in the

dilute AKTi alloys [11]. Moreover, in our preliminary study, no synergistic hardening

effect of Ti with Zr or Ti with Sc and Zr was found in the AI-B4C composites. Thus,

titanium is not considered here as an alloying element for precipitation hardening.
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6.2.1.2 Al-Sc composites

Figure 6.2 displays the microhardness of three Al-Sc composites as a function of

aging time at four different temperatures of 300, 350, 400 and 450°C. As observed in

Figure 6.2, the aging curves of the three composites exhibit the classical features of the

aging response which include three regions: (1) an initial increase in hardness (underaging);

(2) the maximum hardness value (peak aging); and (3) a decrease in hardness (overaging).

In general, the onset of peak hardness, the peak hardness value, and its duration vary with

the aging temperature and Sc concentration.
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Figure 6.2 Vickers hardness vs. aging time at: a 300 °C, b 350 °C, c 400 °C and d
450 °C for the three Al-Sc composites.

It is obvious that the introduction of scandium yields a considerable increase in

hardness. The peak hardness values increase with increasing Sc concentration at all aging

temperatures. The higher the Sc content, the larger the increase in the hardness. For

example, at 300 °C, the hardness increases of 40, 79 and 122% at peak-aging over the

unstrengthened matrix (as-homogenized) of composites S29, S40 and S58, respectively.

The peak hardness decreases with the increasing aging temperature due to the reduction in

the volume fraction of A^Sc precipitate caused by the temperature dependence of the solid
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solubility of Se. Higher temperatures provide more energy for the nueleation and growth of

precipitates, leading to not only the acceleration in achieving maximum hardening but also

the occurrence of overaging.

Results of Figure 6.2 show that the strongest hardening effects of all three Al-Sc

composites are achieved at the lowest aging temperature of 300°C. At this temperature, as

the aging time increased to 200 h, a slight softening (10 % reduction from the peak

hardness value) is noticed in the two higher content Sc-containing composites.

Nevertheless, all three composites are still considered to be thermally stable at this

temperature for at least middle-term holding time (tens of hours). When the aging

temperature rises to 350°C, overaging occurs and the drop in hardness becomes obvious for

the three composites. The higher the Sc concentration, the earlier the onset of overaging.

The composite materials are no longer thermally stable at this temperature. At higher aging

temperatures (400 and 450°C), the softening effect speeds up and all composite materials

lose almost all their precipitation hardening after a short time of aging (few to tens of

minutes).

6.2.1.3 Al-Sc-Zr composites

Figure 6.3 shows the aging curves of the three Al-Sc-Zr composites at four different

temperatures of 300, 350, 400 and 450°C. Compared to the aging curves of the Al-Sc

composites (Figure 6.2), the aging hardening responses of Al-Sc-Zr composites show

some similarities, namely the peak aging hardness increases with the increasing

concentration of solute elements and decreases with increase in aging temperature.
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However, the addition of Zr to the Sc-containing composites not only produces a

synergistic effect of the increase in strength, but also significantly improves the thermal

stability.
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Figure 6.3 Vickers hardness vs. aging time at: a 300 °C, b 350 °C, c 400 °C and d
450 °C for the three Al-Sc-Zr composites.

Figure 6.4 demonstrates the hardness increment in peak aging for the three Al-Sc-Zr

composites. The increments are calculated by subtracting the as-homogenized hardness

values from the peak hardness values. It is obvious that the addition of zirconium yields
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higher hardness increments at all age temperatures. Moreover, the improvement of the

peak-age hardening varies with the Zr:Sc ratio. As was estimated in Chapter 5, the three

Al-Sc-Zr composites SZ29, SZ40 and SZ58 have approximately 0.2 wt.% Zr and 0.15, 0.2

and 0.28 wt.% Sc retained in the matrix, and Zr:Sc ratios of 1.33, 1 and 0.7, respectively. It

can be seen from Figure 6.4 that with an increasing Zr:Sc ratio, the precipitation hardening

efficiency also increases. For example, compared to the corresponding Al-Sc series

composites, the SZ29 composite (Zr:Sc = 1.33) has the highest hardness increment while

the SZ58 composite (Zr:Sc = 0.7) has the lowest one when the same Zr content of 0.24 wt.%

is alloyed.

Nevertheless, the addition of zirconium makes an important contribution to the

thermal stability. As shown in Figure 6.3, all three Al-Sc-Zr composites keep the strength

stable at the aging temperatures of 300 and 350°C. As the aging temperature rises to 400°C,

the SZ58 composite shows an overaging tendency while both composite SZ40 and SZ29

are still reasonably stable. Compared to the Sc-containing composites S40 and S29, the Zr

addition in SZ40 and SZ29 composites delays the overaging by ~100°C, which indicates

that Al(Sc,Zr) precipitates are coarsening resistant up to 400°C. At higher age temperature

(450°C), all three composites exhibits overaging, but the composite SZ29 still shows a

softening resistance up to about 50 hours.
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Figure 6.4 Hardness increment of the peak aging for the six Al-Sc and Al-Sc-Zr
composites isothermally aged at a 300, b 350, c 400 and d 450° C.

It is also evident that the thermal stabilities of the composites are dependent on the

Zr:Sc ratio. The SZ29 composite with the highest ratio (Zr:Sc > 1) provides the best

thermal stability of the strength up to 400°C. In practical terms, the service temperature of

this material can be maintained to 400°C at a reasonable strength (HV -450 MPa) and can

be occasionally raised to 450°C for a short period without the strength deterioration. The

composite SZ40 with a Zr:Sc ratio o f - 1 also affords excellent thermal stability with an
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enhanced strength (HV -650 MPa) at 35O°C. The service temperature of composite SZ40 is

stable at 350°C and can be increased to 400°C for a short-term exposure. The composite

SZ58 with a lower Zr:Sc ratio (Zr:Sc < 1) has the highest strength (HV 680-700 MPa) and

the service temperature can be maintained up to 350°C. Above this temperature, the

softening effect becomes dominant.

6.2.2 Evolution of precipitates

To understand the precipitation hardening response of the Sc- or (Sc+Zr)-containing

composites in Figures 6.2 and 6.3, the precipitation of A^Sc or Al3(Sc,Zr) particles of two

typical composites, S58 and SZ58, were investigated via TEM. Figure 6.5 shows the

representative TEM images which demonstrate the precipitate evolution of these two

materials for different aging times. The sizes of precipitates as a function of aging time

were measured using image analysis and the corresponding results are listed in Table 6.1.
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5 min 10 h 100 h

100 nm
Figure 6.5 Dark-Field TEM images show the evolution of precipitates in the matrix of

the composites S58 (a-c) and SZ58 (d-f) during aging at 450°C for different
exposure times. All of the images are taken utilizing (100) superlattice
reflections near [011] zone axis.

At early aging time (5 min., the peak aging), a uniform distribution of coherent AI3SC

in the S58 composite, and Al3(Sc,Zr) in the SZ58 composite is observed. Both types of

precipitates have a spheroidal morphology with the stable LI2 structure. The Al3Sc

precipitates have an average radius of 3.5 nm while the Al3(Sc,Zr) precipitates show a finer

size with a mean radius of 3 nm. With prolonged aging time, both types of precipitates

coarsen, but with different coarsening rates. The average radius of AI3SC in the S58
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composite increases significantly with aging time, from 3.5 nm after 5 minutes to 54.5 nm

after 100 h aging, by a factor of about 15.5. On the other hand, the Al3(Sc,Zr) in the SZ58

composite exhibits a better coarsening resistance. The mean radius of Al3(Sc,Zr) increases

from 3 nm after 5 minutes to 13.7 nm after 1 OOh by a factor of -4.5.

Table 6.1 Average precipitate radii of precipitates as a function of aging time at 450 °C
in the composites S58 and SZ58

S58 SZ58
Aging time

Number of Average radius of Number of Average radius of
precipitates precipitate (nm) precipitates precipitate (nm)

0.083(5min) 3119 3.5 ±1.0 4304 3.0±0.9

10 128 23.0 ±6.0 651 5.6 ±3.1

100 74 54.5 ±13.9 232 13.7 ±6.3

Results of EDS analysis show that only Al and Sc elements exist in the precipitates of

the S58 composite while Al, Sc and Zr are detected in the precipitates of the SZ58

composite, van Dalen [129] reported that Ti has a small partition to the Al3(Sci-^Tix)

precipitates, which might influence the coarsening resistance of the precipitates. Although

the matrix of both composites may contain a small amount of solute Ti, Ti element, even at

the trace level, is not detected in both types of precipitates. Thus the precipitates formed in

the experimental composites are classic AI3SC and Al3(Sc,Zr) particles without the

influence of the other elements.
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The values of the precipitate volume fraction, measured at peak aging (450 °C/5 min),

are 0.20% and 0.33% for the composites S58 and SZ58, respectively. It is evident that the

addition of Zr effectively boosts the volume fraction of precipitates and hence improves the

precipitation strengthening effect. For longer aging times, the TEM image data show less

number but larger size of precipitates caused by the coarsening process. Accordingly, the

volume fractions were not calculated in this case, as it may lead to large statistical

uncertainty.

Figure 6.6 illustrates the precipitate size distributions (PSDs) of the S58 and SZ58

composites aged at 450°C. PSDs are displayed for three aging times: 5 min, 10 h and 100 h.

The PSDs for 5 min aging have a similar spread for both materials and the precipitate radii

are mostly centered in the range from 2 to 5 nm. When the aging time increases to 10 h, for

composite S58 not only does the average precipitate radius increase rapidly but the PSD

also becomes broader, while mean precipitate radius of SZ58 still remains small and the

PSD keeps within a narrow range. As the time further prolonging to 100h, the coarsening

process of precipitates in the S58 accelerates and the precipitate radii spread over a wide

range from 30 to 80 nm. On the contrary, the coarsening effect in the SZ58 is restrained and

most precipitates exhibit a radius range of 5 to 25 nm.
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Figure 6.6 Precipitate size distributions in the composites S58 (a, c and e) and SZ58 (b,
d and f) aged at 450°C for 5min, 10h and 100h.

As the large trialuminum particles grow at the expense of small particles during aging,

they will sooner or later reach a critical size where the precipitates lose their coherency

with the matrix materials. According to the study reported in Ref [97], when <r> is less

than 15 nm, AI3SC type precipitates keep coherent with the matrix; when <r) lies between
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15 to 40 nm, they begin to lose their coherency and become semi-coherenct; while for (r)

values over 40 nm, they completely lose coherency. Applied in our case, AI3SC precipitates

formed during 450°C aging in the S58 composite undergo all stages from full coherency

with the matrix (5 min), to semi-coherency at (10 h), to a complete loss of coherency (100

h). Using the same criterion, it can be seen from Figure 6.6 d and e that Al3(Sc,Zr)

precipitates formed in the SZ58 composite remain coherent with the Al-matrix up to 10 h of

aging. After 100 h holding time, some of them begin to lose the coherency (Figure 6.6 f)

and exhibit semi-coherent characteristics.

Figure 6.7 demonstrates the distribution of precipitates near the grain boundary and in

the front of the interfacial area. The images were obtained from the composite S58 in the

peak-aged condition (5min at 450°C). At the grain boundary, a precipitate free zone (PFZ)

was observed, whose width varies from several to tens of nanometers. In the as-cast

condition (see session 5.2.2.3), the PFZ width was 50-1 OOnm at the grain boundaries.

Moreover, the width of PFZ at B4C particle interface lies around 50nm. This value is much

smaller compared with that observed in the as-cast condition (~2 jum). Therefore, it can be

concluded that the homogenization treatment at high temperature for a sufficient period of

time produces a more uniform distribution of solute atoms in the matrix and hence

significantly reduces the width of the PFZs.
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Figure 6.7 Distribution of precipitates at the grain boundary and in front of the interface
in the composite S58 aged at 450 °C for 5 min: a Superlattice dark-field
image illustrating a PFZ with variable widths at the grain boundary (using
100 reflections of precipitates near [Oil] axis); b STEM image
demonstrating particle distribution in front of interface, c Superlattice dark-
field image illustrating magnified view of precipitates distribution in the area
mark by white square in b.

6.3 Discussion

6.3.1 Coarsening behavior of AI3M precipitates

The coarsening data for S58 and SZ58 composites at 450 °C are displayed in Figure

6.8 by plotting the average precipitate radii (r) as a function of aging time on a double

logarithmic plot. The time exponents for coarsening in the S58 and SZ58 composites are

0.38 and 0.20, respectively. In practice, the time exponent for coarsening in Al-Sc binary

systems is reported around 0.33 [67, 68]. According to the classic LSW theory, a value of

0.33 is expected when the volume diffusion dominates the coarsening mechanism of

precipitates [65, 66]. It should be noted that the time exponent of the S58 composite is

higher than the expected value of 1/3, indicating an accelerated coarsening of AI3SC during

the aging process. The phenomenon of accelerated coarsening of precipitates in the
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composite is reported in [135, 191] probably due to the high density of dislocations

produced by the addition of ceramic particulates, which favors the growth of precipitates

for enhancing the diffusion of solute atoms as high-diffusion path.

Results of TEM investigation in this study indicate that the introduction of Zr has

large impact on the coarsening kinetic of Al3(Sc, Zr). The Al3(Sc, Zr) precipitates formed in

the (Sc+Zr)-containing composites are highly resistant to coarsening. The addition of Zr

yields a time exponent of 0.2 for the SZ58 composite that is significantly smaller than that

for the Sc-containing composite (S58), which is supported by similar observations in other

(Sc+Zr)-containing aluminum alloys [72, 112]. The growth of precipitates is described as a

continually collecting process of Zr atoms which enrich the outer shell of the Al3(Sc,Zr)

precipitates [121, 122]. The coarsening rate of the precipitates is controlled by the volume

diffusion of Zr, whose diffusion coefficient in Al is close to three orders of magnitude

smaller than that of Sc in Al at 450 °C (DZr= 2.32 x 10"19, £>Sc= 1-77 * 10"16, calculated

based on the equation given in Ref. [124]). Thus the coarsening of Al3(Sc,Zr) precipitates is

significantly retarded [72].
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6.3.2 Precipitation strengthening mechanisms

Theories of precipitation strengthening have been well studied and reviewed in Refe.

[30, 31]. Precipitate shearing and precipitate bypass by dislocation looping are two main

mechanisms to explain the increase of yield strength in general precipitate-strengthened

alloys. In the case that the coherent precipitates are small, the strength is controlled by

dislocation shearing where the dislocation can cut and move forward through precipitates.

For this shearing mechanism, the increase in strength comes from the three contributions: (i)

modulus hardening, (ii) coherency strengthening and (iii) order strengthening. A

description of the increase in yield strength for each contribution is outlined below.

LENOVO
Stamp
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The strength increment due to modulus strengthening, Aoms, arises through the

mismatch between the shear modulus of the precipitate and matrix phase and is given by

[52]:

Atrm, = M-0.0055(AG)3/2(. p ) m b(�)3""2-'

\GA? b

2 (Eq. 6.1)

where M = 3.06 is the Taylor mean orientation factor [60], GAI is the shear modulus of pure

Al (25.4 GPa at 24 °C [192]), AG is the difference in the modulus between Al and A13M

precipitates (here, assumed ALjSc and Al3(Sc, Zr) have the same stifmess, 68 GPa [193]), b

= 0.286 nm, represents the magnitude of the Al Burgers vector [60], and m = 0.85 is a

constant [52].

The elastic strain-field interactions between the coherent precipitates and the

dislocations are also a source of strengthening. The strength increment resulting from

coherency strengthening, Aacs, is given by [52]:

ACT =MX{£GA,
OWGb ( E q 6

where % = 2.6 is a constant [52], e is the lattice parameter misfit whose value is

2
approximated by � S. ô is a composition-related factor of the lattice parameter mismatch

between the matrix and the precipitate. In this case, it determined to be 1.32 for AI3SC [11];

with respect to the S value for Al3(Sc,Zr) precipitates investigated in the present work,

whose value cannot be obtained directly since the exact number does not exist in the
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literature. As discussed in the Chapter 5, the concentrations of Zr and Sc in composite SZ58

were estimated to be 0.2 and 0.3wt.%, respectively, yielding the atomic ratio of Zr:Sc of

4.05. Based on a series of composition-dependent lattice parameter misfit values given in

Ref [23], the ô value for the Al3(Sc,Zr) is determined to be 1.22%. Modulus strengthening

and coherency strengthening take place in parallel, usually their influences on the material

are combined [24].

Thirdly, order strengthening occurs where antiphase boundaries (APB) are introduced

when the ordered precipitates are sheared by dislocations. The strength increment due to

order strengthening, Aaos, is given by [52]

Aaos = M - 0 . 8 1 ^ f ( - ^ ) 1 / 2 (Eq. 6.3)

where JAPB ~ 0.5 J m" is the APB energy of the precipitate phase (the average value for

AI3SC [194-196] is taken for both precipitates).

When the precipitates grow and coarsen at a given temperature beyond a critical size,

they finally become unshearable. Hence the dislocations have to bypass them leaving

dislocation loops around each particle. In this condition, another precipitate bypass

mechanism, i.e. Orowan dislocation looping, controls the increase of strength. The

corresponding Orowan stress, Aaom, is given by [33]:

0.4GAlb\n(2R/b)

(Eq.6.4)
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where v = 0.345 is the Poisson's ratio for Al [60], R= � (r) is the mean radius of a circular

4

crosssection in a random plane for a spherical precipitate [61], and Lp.p is the inter-

precipitate spacing [52, 61], given by:

Ln � = (r)-2R = ( )<r) (Eq. 6.5)

V p V p

Utilizing Equations (6.1)�(6.5), the yield stress increment due to the presence of

nano-size precipitates is calculated and Figure 6.9 displays the calculated and measured

increment in yield strength as a function of mean radius of precipitates, (r), in the two

composites S58 and SZ58. The measured values of the increments in microhardness yield

stress were calculated by subtracting the as-homogenized hardness from the peak aged

hardness and multiplying by the conversion factor of 1/3 [197]. As shown in Figure 6.9, the

maximum increments of strength (~100 MPa) for the two materials are obtained at the

lowest values of (r) (aged at 450 °C for 5 min) and decrease monotonically thereafter with

the increase in (r).
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Figure 6.9 Microhardness yield stress increment as a fonction of the average precipitate
radius (r) for the composite: a S58 (Vp = 0.20 %), and b SZ58 (Vp = 0.33 %).
The lines represent the theoretical predictions of Eqs. (6.1)-(6.5) for Vp =
0.20 and 0.33%.

As suggested in Ref [23], the increment in strengthening due to precipitate shearing is

controlled by (a) the sum of modulus and coherency strengthening {Aoms+Aocs), or (b) the

order strengthening Aaos. Referring to the S58 composite, the strength increase is controlled

by (Aams+AaCs) when (r) is less than 1.0 nm, then by Aoos during the stage when (r) is in

the range of 1.0 to 3.1 nm. For the SZ58 composite, (Aams+AaCs) is dominant for (/-) less

than 1.4 nm and Aaos for(r) between 1.4 and 2.8 nm. Since the precipitate shearing and

Orowan bypass mechanisms are in parallel, strengthening is given by the smallest values of

these strengthening modes. Equations (6.1)-(6.5) and Figure 6.9 predict that the critical

values between the shearing and Orowan modes are 3.1 and 2.8 nm for the S58 and SZ58

composites, respectively. Apparently, since all measurements of (r) are larger than the

critical value, Orowan bypass mechanism is the main controlling mechanism for both
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composites. The observations in Figure 6.9 also indicate that the experimental data in S58

are in excellent accordance with theoretical expectations, while the measurements for SZ58

exhibit fair agreement with the prediction except at the largest precipitate radius.

6.4 Summary

In this chapter, a series of Al-Sc and Al-Sc-Zr metal matrix composites with a

reinforcement of 15 vol.% B4C were isothermally aged at 300, 350, 400 and 450 °C. The

effects of Sc and Zr on the aging behavior, precipitation strengthening and precipitate

coarsening of these composite materials during the aging process were investigated. The

results and findings are summarized as follows:

The addition of Sc to AI-B4C composites provides a considerable precipitation

hardening of the composite matrix for all aging temperatures investigated. The precipitation

hardening effect increases with increasing Sc content and decreases with increase in aging

temperature. The Sc-containing composites are thermally stable up to 300 °C and at higher

temperatures, rapid softening of the matrix takes place.

The combined addition of Sc and Zr to AI-B4C composites produces a remarkable

synergistic effect with respect to strenthening. The addition of Zr not only provides an

increase in strength at peak aging but also improves the thermal stability at all temperatures

investigated.

The ratio of Zr:Sc has an important impact on the precipitation hardening and thermal

stability. As the Zr:Sc ratio increases, the precipitation hardening efficiency increases and
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the softening resistance improves. Al-Sc-Zr composites with a high Zr:Sc ratio ( >1) show

excellent thermal stability up to 400°C. The overaging in such materials is delayed by

~100°C compared with the Zr-free composites containing the same level of Sc.

During aging, Al-Sc and Al-Sc-Zr composites yield two types of nano-size

precipitates, AI3SC and Al3(Sc,Zr) respectively, with different coarsening rates. The Zr

addition in Al-Sc-Zr composites increases the volume fraction of precipitates, which is a

major contribution to the additional increase in the strength. Moreover, Al3(Sc,Zr) in

Al-Sc-Zr composites exhibits a much better coarsening resistance than AI3SC in Al-Sc

composites.

Orowan bypassing mechanism is the main controlling mechanism for the

precipitation hardening of AI3SC and Al3(Sc,Zr) precipitates. The strengthening increment

(calculated from microhardness) as a function of average precipitate radius for both

precipitates at a given temperature shows a good agreement with the theoretical predictions

of the Orowan model.
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Chapter 7

Thermal stability of mechanical properties at

elevated temperature

7.1 Introduction

It has been demonstrated that the precipitation of nano-scale AI3SC or Al3(Sc, Zr)

precipitates results in a pronounced strengthening response at all as-cast and aged

conditions investigated. However, to date, there is very limited information on the long-

term thermal stability of Al-based MMCs available in the open literature. In Al-based

particulate reinforced composites, there are a number of factors, including the Al matrix,

reinforcement particles and other structural components. Several strengthening

contributions can influence the overall strength of the composite materials [198]:

� Grain boundary strengthening. It is well accepted that grain boundaries act as barriers

to dislocation motion.

� Load transfer from the matrix to the reinforcement through interface. Basically the

ceramic reinforcements have high stiffness and Young's modulus compared to the
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metal matrix. If the load on the matrix could effectively transfer on the reinforcement

through the interface, the improvement of strength is definitely expected [1, 199, 200].

� Precipitation strengthening. The strengthening resulting from the precipitates can be

controlled by two mechanisms, i.e. shearing mechanism and Orowan bypass

mechanism, depending on the size of the precipitates. Shearing mechanism is applied

in the case of fine, coherent precipitates [31], while the Orowan dislocation

mechanism is preferred for explaining the strengthening effect of larger precipitates

[23, 24, 198].

� Solution strengthening. This involves a considerable amount of dissolved atoms in

the Al matrix. In the case of our AAl 100 matrix base composites with minor alloying

additions, this strengthening mechanism has a negligible contribution.

The aim of this chapter is to study the precipitation strengthening response, thermal

stability of mechanical properties and microstructure evolution of two experimental

AI-B4C composites alloyed with Sc and Zr (S40 and SZ40). A long annealing process up to

2000 hrs at the temperature range from 250 to 350°C were performed (Table 3.5). The

threshold temperatures for the short-term stability (few hundreds hours) as well as the long-

term stability (several thousands hours) are determined for both composites.
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7.2 Results

7.2.1 Age hardening response

After homogenization at 640°C, two composites SZ40 and S40 were aged at different

temperatures up to 200 hours to examine their precipitation strengthening response. Figure

7.1 shows the Vickers hardness vs. aging time curves of the two composites. In general, the

aging curves exhibit the expected three regions of a classic aging response: (a) a period

with a rapid increase in hardness values (underaging); (b) a plateau at high hardness values

(peak aging); and (c) a decrease in the hardness with time (overaging). For both materials,

the higher the aging temperature, the shorter the underaging period and the lower the peak

hardness.

For the composite containing Se (S40), aging at 300°C produces the maximum peak

hardness of 58 HV which remains constant for up to 50 h. As the aging time is increased

further, a slight softening within 10% reduction from the peak value is noticeable. At

higher aging temperatures, there is a continuous decrease in hardness after reaching the

peak value, which suggests that the AbSc precipitates are coarsening with time, and leading

to overaging. At such high temperatures, the strengthening effect is virtually lost after 100

to 200 h exposure.
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Figure 7.1 Vickers hardness vs. aging time at: a 300 °C, b 350 °C, c 400 °C and d
450 °C for composites SZ40 and S40.

The peak hardness of the composite containing both Sc and Zr (SZ40) is substantially

higher than the composite containing only Se (S40) at all temperatures investigated. Upon

aging at 300 and 350°C, it reaches the maximum peak hardness of 67 HV and a plateau of

the peak aging remains constant up to 200 h. As the aging temperature increases to 400°C,

the composite SZ40 has a plateau of the peak aging up to 50 h and exhibits only a slight

overaging from 50 to 200 h, which indicates that Al3(Sc,Zr) precipitates are coarsening

resistant up to 400°C for a short-term exposure. The aging curve of SZ40 at 400°C is very

similar to the aging curve of S40 at 300°C, which demonstrates that the Zr addition delays
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the overaging by ~100°C. It means, in the practical term, that it raises the maximum service

temperature of the composite material by ~100°C. It is interesting to note that even at

450°C where the overaging occurs, there is still a perceptible strengthening effect up to 10

h for the composite SZ40, which provides a safety margin for the material when used at

high temperature.

Compared with the composite containing only Se (S40), the composite containing

both Sc and Zr (SZ40) displays remarkably higher peak hardness and for longer durations

at all temperatures (Figure 7.1). Results clearly show that the addition of Zr to the Sc-

containing composite enhances the strengthening effect and increases the overaging

resistance at elevated temperatures. In prior studies by the authors, it has been demonstrated

that at the same Sc levels, Zr additions increase remarkably the volume fraction of the

dispersed precipitates in both as-cast and aged conditions, and thus improve the overall

strength of the material. On the other hand, it is reported by several researchers [118, 131,

201] that the addition of slow diffusing element Zr, which is soluble in ALjSc to form

coherent Al3(Sc,Zr), increases the coarsening resistance of the dispersed precipitates and

thus improve the resistance to overaging of the material at high temperature.

As mentioned before, in AI-B4C composites some of the Sc and Zr will react with

B4C and will be consumed at the interfaces. Therefore, the accurate amount of Sc and Zr

retained in the matrix for the precipitation strengthening is unknown. Comparing the

achievable peak microhardness at 300 °C with that reported for binary Al-Sc alloy, it is

estimated that approximately 0.2 wt.% Sc remains in the Al matrix of both composites. The
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amount of Zr that is soluble in the Al matrix of the composite SZ40 may lie in the range of

0.15-0.20 wt.%.

It should be mentioned that although the two composites S40 and SZ40 contained 1.5

wt.% Ti, the Ti did not have any impact on the precipitation strengthening. During the

liquid stage of fabricating AI-B4C composites, it was necessary to add Ti in order to

prevent B4C degradation and increase the castability [5]. Almost all Ti was located at the

interfaces between aluminum and B4C particles in the form of a dense and protective TiB2

layer [25, 26].

7.2.2 Long time annealing

7.2.2.1 Hardness

After the peak aging to generate the maximum precipitation strength in the matrix,

the composites SZ40 and S40 were annealed at different temperatures to assess the thermal

stability of the mechanical properties for long holding times. Figure 7.2 displays plots of

the Vickers hardness and Rockwell hardness as a function of annealing time at different

temperatures for the two composites. The initial value in Figure 7.2 is the hardness value in

the peak aging condition. It is interesting to notice that when annealing at 300°C, the

hardness of the composite SZ40 matrix slightly increases from the initial value during the

first 200 h and then maintains a long plateau for the remaining annealing period. In the case

of holding at 350 °C, a slow softening process in the composite SZ40 matrix becomes

obvious after annealing for 500 h. The hardness value decreases from 60 HV at 200 h to 46

HV after 2000 h. The composite S40 exhibits a good softening resistance at 250°C, i.e.

LENOVO
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after 2000 h holding, the material displays identical properties as in the initial peak aging

condition (Figure 7.2 b). However, as the annealing temperature increases to 300°C, the

hardness decreases remarkably in the first 500 h holding period. After 500 h, the slow

softening becomes dominant. The value of the hardness declines from 55 HV at 200 h to 40

HV after 2000 h.

The Rockwell hardness of both composites exhibits a similar tendency as that of

Vickers hardness during the annealing period. The Vickers microhardness reveals the

hardening effect of the aluminum matrix of the composites while the Rockwell

macrohardness displays the overall strength of the composite material. The same trend of

both hardness types indicates that the change in mechanical properties of the aluminum

matrix controls the softening resistance of the composite materials during the annealing.



132

80

70

60

50

40 h

30

20

10

a

Initial value

-

300°

350

C SZ40;

0 500 1000 1500 2000

Holding time (h)

C S40

Initial value

600 "£

500 |

- 400 |

300 I
(0

200 |

100 !>

70

60

30

20

b

* ^ T
Initial valueN

-

-

350 °C

�Q� _

300

SZ40

� -o
°C

�

101
0 500 1000 1500 2000

Holding time (h)

500 1000 1500 2000
Holding time (h)

500 1000 1500 2000
Holding time (h)

Figure 7.2 Hardness vs. annealing time. Vickers hardness: a composite SZ40 and c
composite S40; Rockwell hardness: c SZ40 and d S40. The initial values of
both SZ40 and S40 are from the peak aging at 350 and 300°C for 10h,
respectively.

7.2.2.2 Yield and compressive strengths

The typical true stress-strain curves of the composites obtained from the compression

tests on different conditions, as an example of SZ40, are shown in Figure 7.3. Based on the

true stress-strain curve, the 0.2% offset yield strength and the compressive strength at true

strain of 0.3 are determined.
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Figure 7.4 demonstrates the evolution of the mechanical properties of the two

composites during long-term annealing at different temperatures. As reference points,

Figure 7.4 also gives the initial and as-homogenized values, which are the yield and

compressive strengths of the materials on the peak aging and as-homogenization conditions.

Generally, the tendency of the variation of the compressive strength with annealing time is

similar to that of the yield strength for the two composites (Figure 7.4), where the values of

compressive strength are approximately 70 to 80 MPa higher than those of the yield

strengths.
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Moreover, the yield and compressive strengths of the composites in the peak aging

condition are significantly higher than those of the as-homogenized condition, attributing to

the precipitation strengthening of AI3SC or Al3(Sc, Zr) after aging. In addition, the effect of

the precipitation strengthening of the composite with Zr (SZ40) is stronger than that

without Zr (S40) due to the increase in volume fraction of the dispersed precipitate phase

[118]. In general, both materials maintain the mechanical properties stable in the lower

exposure temperatures (300°C for SZ40 and 250°C for S40), while the strengths decrease

with extending the holding time at higher temperatures (350°C for SZ40 and 300°C for
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S40). For example, the yield and compressive strengths of the composite SZ40 at 350°C

display a clear decrease after 500 h. The yield strength falls from 164 MPa at the beginning

of the holding to 108 MPa after 2000 h exposure, which represents a drop of-34% in the

initial value. It suggests that the Al3(Sc,Zr) precipitates are slowly coarsening during long

holding periods at higher temperature (350°C), which weakens the precipitation

strengthening effect. Nevertheless, the composite containing both Sc and Zr (SZ40) still

retains considerable strength after 2000 h at 350°C and is still stronger than any other

conventional precipitation strengthened Al alloy for similar condition known to the authors.

For the composite S40, the yield strength decreases from 128 MPa at the beginning to 84

MPa after 2000 h exposure at 300°C, which accounts for an approximate loss of 34% in the

mechanical properties. It results from the progressively coarsening of AI3SC precipitates

during long holding periods at higher temperature (300°C).

In brief, for long-term service at elevated temperatures (several thousands of hours),

the mechanical properties of the composite SZ40 are stable up to 300°C, while the

composite S40 exhibits a good softening resistance up to 250°C. Combined with the results

in Figure 7.1, it is reasonable to consider that the threshold for short-term stability (within

few hundreds of hours) of the composite SZ40 lies in ~400°C, whilst the threshold value of

the composite S40 is limited to ~300°C due to the less softening resistance.

It is evident that the addition of Zr in the Sc-containing composite (SZ40) is shown to

significantly retard the softening effect. It has been reported by other researchers [118, 121,

131] that Zr substitutes for Sc in AI3SC precipitates to form Al3(Sc,Zr) precipitates which
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are composed of an AI3SC core and a Zr-enriched shell. This shell acts as a barrier to Sc

diffusion because the diffusion rate of Zr in aluminum is much lower than that of Sc. For

example, the diffusivity of Zr in Al is over four orders of magnitude smaller than that of Sc

in Al at 300°C: Z)Zr = 6.10xl(r24 m2/s and DSc = 9.58xl(T20 m2/s [124]. Zirconium is thus

very effective in stabilizing the precipitates, and therefore, improves both short- and long-

term thermal stabilities of the material at elevated temperatures.

7.2.3 Microstructural analysis

The analysis focuses on the aluminum grain structure, the interfaces between B4C

particles and aluminum as well as the precipitates (size and distribution), which could have

an impact on the stability of the mechanical properties.

7.2.3.1 Grain structure

Due to the presence of a large quantity of B4C particles, it is often difficult to clearly

reveal the grain structure of the aluminum matrix in an Al-based MMC by conventional

optical metallography. Therefore, the electron backscatter diffraction technique (EBSD)

was applied to reveal the grain morphology and size in the AI-B4C composites. The grain

structures of the SZ40composite without annealing (only peak-aged) and after 2000 h

annealing at 350°C, as an example, are shown in Figure 7.5. The black regions in the figure

are the B4C particles and the other colors represent the different orientation of grains. It is

obvious that the grains in both conditions are equiaxed. The average grain sizes measured

without annealing and after 2000 h annealing are 43 and 51 urn, respectively (Table 7.1). It

is apparent that a slight grain coarsening occurs after a long period of annealing at 350°C.
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Figure 7.5 EBSD micrograph of SZ40composite after: a aging at 350°C for 10 h, b
annealing at 350°C for 2000 h.

Table 7.1 Grain size of SZ40 in different conditions

Annealing condition Grain size (jxm)

Peak aging (350°C for 10 h) 43 ±17
Annealing at 350 °C for 2000 h 51 ±20

7.2.3.2 Interfaces

Figure 7.6 presents optical micrographs of the two composites SZ40 and S40 in

different conditions. The B4C particles are uniformly distributed in the matrix. Some
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reaction products (mainly TiB2) are found to be attached to or surrounding the B4C

particles. The straight interfaces between the ceramic particles and the matrix indicate that

no serious interracial reactions are detectable after 2000 h holding at both temperatures of

300 and 350°C.

20 pm

Figure7.6 Optical micrographs of a S40 peak aging, b SZ40 peak aging, c S40
annealing at 300 °C for 2000 h, and d SZ40 annealing at 350 °C for 2000 h.

Detailed information on the interraces and B4C particles observed by SEM is

presented in Figure 7.7. The surrace of B4C is completely enclosed with a protective layer

that consisted of some reaction-induced phases, such as TiB2 and AI3BC. Compared with
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the micrographs without annealing (Figure 7.7 a and b), it is found that the morphologies of

the interfaces and B4C particles remain unchanged after 2000 h at both temperatures of 300

and 350 °C. No obviously zig-zagged interfaces are observed, which further proves that no

severe interfacial reactions and hence no serious degradation of B4C took place during long

annealing period.

7.2.3.3 Precipitate coarsening

To understand the softening resistance of these composites for extended long-term

usage at elevated temperatures, specimens of the composite SZ40 annealed at the highest

temperature (350°C) were examined by TEM. Figure 7.8 a shows the TEM dark-field

microimage of the composite SZ40 in the peak-aged condition. Fine Al3(Sc,Zr) precipitates

with an average radius of 2.6 nm are generated after aging, and those particles are

uniformly distributed in high density in the aluminum matrix. Most of the precipitates have

a spheroidal shape and few of them are needle-like (Figure 7-8 a). After 2000 h annealing

at 350°C, the coarsening of the dispersed precipitates is obvious. The average radius of the

precipitates increases to 5.1 nm and a few particles even grow up to 40 nm in size (Figure

7-8 b). The particle size distributions (PSD) of Al3(Sc,Zr) precipitates at peak aging and

after 2000h annealing, are presented in Figure 7.9. After peak aging, the percentage of

precipitates whose radii are in the range of 1~4 nm is approximate 96% of overall

precipitates, however, the ratio of fine precipitates in the same population reduces to 55%

after 2000h annealing. It indicates that the precipitates are slowly but progressively

coarsening during long-term annealing and some of the precipitates grow faster than the

others (Figure 7.8 and 7.9).
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Figure 7.7 SEM micrographs of composite SZ40 revealing the morphologies of the
interfaces and B4C particles in the condition of: a and b peak aging; c and d
annealing at 300°C for 2000h; e and f annealing at 350°C for 2000 h.
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Figure 7.8 TEM dark-field images showing the precipitates in composite SZ40: a upon
peak aging, and b after 2000 h annealing at 350°C.
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7.3 Discussion

7.3.1 Effect of the grain size on mechanical properties

It is observed that the grain size become slightly larger after long time annealing at

350°C for 2000 h (Table 7.1). For polycrystalline materials, it is well known that grain

boundaries act as an obstacle to dislocation movement and hence strengthen the material. In

general, the increment in yield strength related to the change of grain size can be described

by the Hall-Petch equation:

AaPH=kPHd (Eq. 7.1)

where, d is the average grain size of material, and kpu is a constant related to the specific

alloy and the range in grain size [202, 203].

Equation 7.1 was applied to evaluate the contribution of the grain size to the yield

strength of the composites. Here, the value of the constant kpH, used for the calculation is

25 MPa /xm"1 , which is appropriate for pure aluminum with a grain size range between 15

to 240 ^m [204]. The results of the calculated AOPH of composite SZ40 are shown in Table

7.2.

Table 7.2 Increment of yield stress caused by grain size

A ,. .... Grain size Increment of yield strength
Annealing condition , . . ;.,_, . °

_ (fim) AOPH (MPa)

Peak aging (350°C for 10 h) 43 3Jj
Annealing at 350 °C for 2000 h 51 3,5
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According to the calculation, the difference grain size results in a difference of less

than 1 MPa in the yield stress. Therefore, the effect of a slight grain coarsening on the yield

strength during long term annealing is negligible.

7.3.2 Effect of the interfaces on mechanical properties

The presence of a large quantity of B4C particles in the Al matrix can also increase

the strength of the composite, due to the ceramic reinforcement B4C having a much higher

stiffness and Young's modulus than the matrix. The mechanical properties of commercial

purity aluminum (AA1100) and A1-15%B4C composites at ambient temperature are listed

in Table 7.3. Comparing an unalloyed Al-15% B4C composite with AA1100 alloy, it is

found that the contribution of the 15% B4C particles to the yield strength is approximate 20

MPa. This contribution is related to the load transfer from the weaker matrix to the ceramic

reinforcement particles via the interfaces [41, 43]. Therefore, the stability of the interfaces

and B4C particles play a role in the thermal stability of the mechanical properties of

composites during long term annealing. Based on the micro structure observations (Figure

7.6 and 7.7) , the interfaces between B4C particles and the Al matrix remain unchanged

during 2000 h annealing at 300 to 350°C, and no serious degradation of B4C takes place

during the annealing. Theoretically, B4C particles are not thermodynamically stable in the

aluminum matrix. However, at such low temperatures (below 500°C), the decomposition of

B4C in solid aluminum through a dense protective layer in the interface is practically

difficult [28, 152]. Therefore, the contribution of B4C particles on the material

strengthening is independent of the annealing temperature and time. The B4C particles and

LENOVO
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their interfaces in the composites have no effect on the variation of mechanical properties

during long time annealing.

Table 7.3 Mechanical properties of aluminum and AI-B4C composites at ambient
temperature.

Matrix
material

AA1100

AA1100+15
vol.%B4C

SZ40

S40

Heat-treatment

Condition

Full-annealed

Full-annealed

Peak aging

Annealing

Annealing

Peak aging

Annealing

Annealing

condition

Parameters

-

-

350°C, lOh

300°C, 2000h

350°C, 2000h

300°C, lOh

250°C, 2000h

300°C, 2000h

Yield strength
(MPa)

35

55

182

164

108

128

128

84

K e i

[176]

[176]

This work

7.3.3 Effect of precipitate coarsening on mechanical properties

The nano-size precipitates, AI3SC or Al3(Sc,Zr), are generated in the composite S40

and SZ40 through the aging process (Figure 7.8). These precipitates significantly improve

the mechanical properties of the composites (Table 7.3). The precipitation-strengthening is

based on the phenomenon that precipitates act as obstacles to retard the motion of

dislocations. The precipitates may either be cut by dislocations (precipitate shearing

mechanism) or they are hard and large enough to resist shearing so that the dislocation can

only precipitate bypass them [31, 52]. Except other strengthening mechanisms (grain-,
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particle-, solid solution strengthening), precipitate shearing or Orowan looping mechanism

can generally explain the ambient temperature strength in precipitate-strengthened

materials [22]. In addition, it is well established that the volume fraction and dimensions of

precipitates greatly influence the precipitation-strengthening effect in the material [205]. As

mentioned above, the aluminum grain size, the B4C particles and their interfaces have no

remarkable effect on the variation of mechanical properties during annealing. However, at

higher temperatures (300°C for S40 and 350°C for SZ40), the mechanical properties of the

composites decrease considerably with extended annealing times (Figure 7.4 and Table 7.3).

Figure 7.8 and 7.9 indicate that this softening effect is directly related to the precipitate

coarsening which occurs during long term annealing.

Precipitate shearing is the main strengthening mechanism when the mean radius of

precipitates is less than 2.8 nm in the composite AI-B4C containing Sc and Zr, while

Orowan bypass process is the operating mechanism when the mean size is larger than the

critical value of 2.8 nm as was shown in Chapter 6. After the peak aging the mean radius of

precipitates is 2.6 nm in SZ40 (Fig. 7.8a), and the strength of the material is controlled by

shearing mechanism. However, as precipitate coarsening occurs at higher temperature, i.e.,

at 350°C for SZ40 composite (Figure 7.8 and 7.9), the mean radius of the precipitates is

increased to 5.1 nm after 2000h annealing. Some of the precipitates even reached over 40

nm in diameter. In this condition, Orowan looping is the main operating mechanism. It is

widely accepted that the strengthening effect decreases monotonically with increasing mean

radius of precipitates under the Orowan looping mechanism [19, 23, 24], which results in

the observed decrease of mechanical properties. Moreover, it is well know that the higher
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the annealing temperature, the faster the precipitate coarsening, due to the faster diffusion

of all elements in the matrix at the higher temperature. Thus, the thermal stability of the

mechanical properties of the composites decreases with increase in annealing temperature.

7.4 Summary

Alloying with Sc or Sc and Zr displays a significant precipitation hardening in Al-

15vol.% B4C composites. Upon aging at 300°C, the composite containing Se (S40) reaches

a peak hardness of 58 HV. The composite containing both Sc and Zr (SZ40) produces a

peak hardness of 67 HV at 300 to 350°C. Zr addition to the Sc-containing composite delays

the overaging by ~100°C compared with the composite containing only Se (S40).

The threshold for short-term stability (within few hundreds hours) of the composite

containing Sc and Zr (SZ40) lies at ~400°C, while the value of the threshold of the

composite containing Se (S40) is limited to ~300°C due to lower softening resistance of

the latter.

For long-term thermal stability (several thousands hours), the mechanical properties

of the composite SZ40 are stable up to 300°C, while the composite S40 exhibits a good

softening resistance up to 250°C. At higher temperatures (350°C for SZ40 and 300°C for

S40) the strengths of the composites decrease with prolonged holding time. Nevertheless,

both composites still retain reasonable strength after 2000 h annealing at higher

temperatures.
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The addition of Zr enhances the strengthening effect and the mechanical properties of

the composite SZ40 containing Sc and Zr are higher than those of the composite S40

containing only Sc at all temperatures investigated.

The aluminum grain size, the B4C particles, and their interfaces have no remarkable

effect on the variation of mechanical properties of the composites during annealing. The

reduction in the mechanical properties of the composites during long term annealing at

higher temperatures is dominated by precipitate coarsening.
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Chapter 8

Hot rolling of Sc and Zr containing composites and

the post-rolling heat treatment

8.1 Introduction

As a neutron shielding material, AI-B4C composites are used to fabricate the inside

baskets of the transport and storage casks for the spent nuclear fuels. For this purpose, the

cast ingots or billets are usually subjected to secondary transformation operations such as

forging, extrusion and rolling to obtain the proper shape, size and mechanical properties.

Moreover, these hot deformation techniques tend to favor the mechanical properties of

composites in terms of homogenizing the reinforcement distribution, declustering

agglomerates, eliminating porosity, and yielding a fine matrix grain structure [37, 206, 207].

However, the processability of hot deformation of Sc- and Zr-containing AI-B4C

composites and their impact on mechanical properties are not clear yet. In this chapter, the

mechanical properties, the microstructure and the post-rolling heat treatment of two

composites (S58 and SZ58) after hot rolling were examined in this study.
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8.2 Results

8.2.1 The hot rolling processability of composites

The cast ingots of two composites, S58 and SZ58, with dimensions of 28 x 40 * 80

mm were hot-rolled. The thickness of the cast ingot was reduced from the original 30 mm

to a final thickness of 2 mm with a total deformation of 93% (see 3.5). Both materials

possessed a good processability of hot rolling in the temperature range of 400 to 500°C.

Only very light edge cracks occurred in the intermediate rolling plates during multi-rolling

passes. The final 2 mm rolling sheets were produced with good surface quality. No major

defects such as cracks, porosity, or deep scratches were found in the final rolling sheets

(Fig. 3.4).

8.2.2 Microhardness of hot-rolled composites

To evaluate the influence of hot rolling on mechanical properties, the Vickers

hardness of the cast ingot prior to rolling and of the final rolled sheet were measured. The

details of the hot rolling procedure of both composites are listed in Appendix B. The results

show that the microhardness of the as-rolled sheets of S58 and SZ58 are HV 32 and HV 36,

respectively. On the other hand, the microhardness of the cast ingots of both composites

(S58 and SZ58) prior to rolling (homogenized) are HV 30 and HV 34, respectively. It is

evident that the there is no remarkable difference in the microhardness before and after

rolling.
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8.2.3 Influence of the post-rolling heat treatment on the microhardness of hot-

rolled composites

Post-rolling heat treatments were performed on the final rolled sheets in order to

increase the mechanical properties. In the post-rolling heat treatment, the similar

homogenization and aging treatments as those used for the as-cast composites (Table 8.1)

were applied to the rolled sheets (SZ58 and S58). After the homogenization treatment, a

slight enhancement of hardness was found for both materials, which might result from the

thermal residual stress owing to the mismatch of thermal expansion coefficient between the

matrix metal and ceramic reinforcements, and the solid solution strengthening (Figure 8.1).

Table 8.1 Parameters of the heat treatment

Final rolled sheets As-cast composites
Composite

Homogenization Aging Homogenization Aging

640°r/24h
c « tr? ZA . 300°Cforlto MtzonnAv. 300°C for 1 toS58 (Quenched into , __, 635°C/24h 1 . . .

A . lUUh lUUhwater)

C 7 f O ^ u ^ i 300°Cforlto eAno~ln£u 300°Cforlto
SZ58 (Quenched into - __, 640°C/96h , . . ,

. . lUUn lUUn
water)
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Figure 8.1
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Figure 8.2 shows the aging responses of the rolled composite sheets in comparison

with cast composites. It is very surprising to note that there is no aging response and

precipitation strengthening after hot rolling. It is obvious that, under similar heat treatment

conditions, the hardness of hot rolled composites is much lower than that of the cast ones

and the hardness values further decrease as the aging period is prolonged.

The absence of an aging response in Sc-containing aluminum alloys after application

of the hot rolling process has been reported [208]. It was found that hot rolling above a

specific temperature (such as 380°C in Ref [208]) leads to precipitation during the rolling

process [208, 209] and decreases the potential strengthening effect in the subsequent aging

treatment [208].

Two possibilities may be considered to be responsible for the lack of aging responses

in Sc- and Zr-containing composites after the post-rolling heat treatment: 1) the precipitates

AI3SC or Al3(Sc,Zr) are formed and coarsen to a critical size during the multi-passes of the

hot rolling process, and which are no longer able to dissolve in the homogenization

treatment; 2) there is something unknown happened in the hot rolling process and/or the

post-rolling heat treatment.

In order to verify the first hypothesis, the S58 as-cast composite samples were first

homogenization treated at 640°C for 24 h then aged at 450°C for 100 h to obtain large and

coarse AI3SC precipitates. Results presented in Chapter 6 indicate that, in this overaging

condition, the mean radius of the AI3SC precipitates reached above 50nm. Afterwards, these

samples were re-treated at 640°C for 24 h then aged at 300°C for 1 and 10 h. As one can
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see from Figure 8.3, after the first aging process, the composite matrix almost completely

loses its precipitation-strength due to the coarsening of the precipitates. The subsequent re-

homogenization plus aging treatment bring back the hardness of the composite to the

normal values that are expected from A^Sc precipitation hardening. Thus, it means that the

unrolled composites containing coarse precipitates are able to form the supersaturated solid

solution in the repeated homogenization treatment stage, as well as to re-precipitate the

strengthening particles during the subsequent aging stage.

Following the second hypothesis, the as-rolled S58 samples were homogenized at

640 °C for different times, followed by isothermal aging at 300 °C for 10 and 24 h. It can

be clearly seen from the results of Figure 8.4 that the homogenization treatment time plays

an important role in the precipitation strengthening of the rolled samples. The aging time

(10 vs 24 h) has no impact on the hardness. The hardness of the rolled composite rapidly

decreases as the homogenization time is extended. The shorter the homogenization time,

the higher the hardness of the rolled composite. At the half hour homogenization condition,

the hardness of the rolled S58 composite approaches the normal values observed after aging

that are expected due to AI3SC precipitation hardening. This indicates that the rolled

composites are very sensitive to the duration of the homogenization treatment time.
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Figure 8.3
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8.2.4 Microstructural evolution

Observations on the as-rolled microstructures demonstrate that the multi-pass rolling

makes the reinforcements to rotate somewhat and rearrange along the rolling direction

(Figure 8.5). Meanwhile, severe deformation (a total of 93% deformation) during multi-

pass hot rolling results in the separation of the reaction products (most of them are TiB2)

from the B4C ceramic particles. Moreover, it is found that the dense and protective reaction

layer on some B4C particles is damaged and a part of the layer is peeled away from the B4C

surfaces (Figure 8.6). It is well known from the results of Chapters 4 and 5 that this dense

protective layer plays an important role in limiting the interfacial reactions and the

consumption of Sc at the interface.

The TEM and STEM images shown in Figure 8.7 a & b illustrate the AI3SC

precipitates in the as-rolled S58 composite. It is evident that a number of AI3SC precipitates

with an average radius of ~50 nm existed in the matrix of the as-rolled sample, which

indicates that the nanoscale AI3SC particles precipitated and coarsened during rolling

process. It is also observed that the AI3SC precipitates of the rolled composite disappear

neither after the homogenization at 640°C for 24 h and nor after the subsequent aging at

300°C for 10 h (Figure 8.7 c & d).
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Figure 8.5 Optical microstructures of as-rolled composites S58 (a & c) and SZ58 (b &
d), showing the distribution of B4C particles and reaction products in the
aluminum matrix.

Figure 8.6 SEM image of as-rolled composite S58 after deep etching.
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Figure 8.7 The observation of precipitates formed in the matrix of composite S58 after
rolling: a Bright-field STEM image showing that a large amount of
precipitates existed in the matrix of the as-rolled samples, b Dark-field TEM
image showing the typical morphology of precipitates in as-rolled condition.
c The absence of precipitates after homogenization treatment at 640°C for 24
h, and d following aging process at 300°C for 10 h
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8.3 Discussion

In the present work, the AI-B4C composites containing Sc and Zr were hot-rolled

with a total deformation rate of 93%. Then, the post-rolling heat treatments were applied to

regain the precipitation strengthening of the composites. However, the results show that the

longer the homogenization time, the lower the mechanical properties of the composites are

(Figure 8.7). When the homogenization time is longer than six hours, for example, the

rolled samples almost completely lose their potential for strengthening due to the lack of

AI3SC precipitates in the matrix which is necessary to strengthen the matrix. However, this

phenomenon is not observed in the as-cast composites for the same heat treatment

conditions.

As discussed in Chapter 4, scandium has a strong tendency to react with B4C particles.

This interfacial reaction can be limited when a TiE$2 protective layer completely covers the

B4C particle surface. According to the SEM observations, the hot rolling process leads to

the damage of the pre-existing protective layers. This might cause a partial exposure of

fresh B4C surfaces to the matrix alloy. Therefore, it is reasonable to believe that an

interfacial reaction could take place between the Al alloy matrix and the uncovered parts of

the B4C particle surfaces. Moreover, the homogenization treatment of hot-rolled

composites was carried out at temperature as high as 640 °C, leading to a high diffusivity of

Sc in the Al-matrix. In addition, hot rolling may introduce more crystal defects such as

dislocations in the rolled materials [210]. These defects could favor solute atom diffusion in

the matrix [211]. Therefore, with a longer homogenization time, more solute Sc atoms
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would move towards the interfaces to react with the B4C. This possible reaction would

result in the consumption of Sc at the interfaces and consequently reduce the precipitation

strengthening during the subsequent aging process.

It is worth mentioning here that, in order to understand this phenomenon and to

improve the mechanical properties of hot rolled composites containing Sc and Zr, there are

still many unknown. A further study from both process and materials are thus required.

8.4 Summary

In this chapter, the micro structure and mechanical properties of the composites S58

and SZ58 in the hot-rolled and post-rolling heat treatment conditions were studied. Results

indicate that Sc- and Zr-containing composites possess a good processability of hot rolling.

However, it is found that when the same heat treatment as that used for the cast composites

is applied, there is no aging response/precipitation strengthening for the rolled sheets of the

same materials. Microstructural observations reveal that hot rolling modifies the particle

distribution and the protective layer on the B4C particle surfaces. The further research

revealed that homogenization period at 640 °C exhibits significant influence on the

mechnical property obtained in the subsequent aging process. The short the

homogenization time, the stronger the hardening effect. Therefore, decreasing the

homogenization time favours the property restoration of hot rolled material. It may be

explained that the protective layer on the B4C surface was damaged during hot rolling,

resulting in the consequent consumption of Sc in the interfacial reactions occured during

the subsequent homogenization treatment.
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Chapter 9

Conclusions and Suggestions for Future Work

9.1 Conclusions

In this thesis, a series of novel, thermally stable AI-B4C metal matrix composites for

high temperature applications were developed. The influence of Sc and Zr on the interfacial

reactions, the micro structures in the as-cast and aged conditions, the aging response and

precipitation strengthening at elevated temperatures, the mechanical properties as well as

the long-term thermal stability of Al-15vol.% B4C composites were investigate. From the

experimental results obtained and their analyses, the following conclusions were drawn,

which categorized in five parts corresponding to the different aspects that were studied.

1. Effect of Sc, Zr and Ti on the interfacial reactions

B4C plates were immersed in liquid aluminum alloyed with Sc, Zr and Ti at 730°C.

The influences of alloying elements on the interfacial microstructure and reaction products

in terms of individual and combined additions were examined.
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� All three alloying elements, i.e. Sc, Zr and Ti, react with B4C in liquid Al to form

interfacial layers which all consist of two distinctive layers: a fine-crystal layer close

to the B4C and a coarse crystal layer near the Al-matrix.

� The interfacial reactions and the reaction products in each system were identified.

The phases AI3BC, AI3SCC3 and ScB2 were identified as reaction products in the

B4C/AI-SC system; phases AI3BC and ZrB2 in the B4C/Al-Zr system, as well as

AI3BC and TiB2 in the B4C/Al-Ti and B4C/Al-Sc-Zr-Ti systems were respectively

confirmed.

� When Sc, Zr and Ti are introduced in combination, the reaction between Ti and B4C

dominates as the interfacial reaction in B4C/Al-Sc-Zr-Ti systems, which provides an

effective protection to the B4C particles and reducing the consumption of Sc and Zr at

the interface.

2. As-cast microstructure and precipitation evolution in AI-B4C composites

Sc and Zr were introduced into Al-15vol.% B4C composites presaturated by Ti and

eight experimental composites with different Sc and Zr levels were prepared via a

conventional casting technique. The interfacial micro structure, precipitation of AI3SC and

Al3(Sc,Zr) as well as the precipitation strengthening effect in the as-cast and peak-aged

conditions were studied.

� When Sc is added to the Ti-presaturated AI-B4C composites, Sc reacts with B4C and

is partially consumed at the interface. When Zr is added in combination with Sc to

AI-B4C composites, traces Zr are detected in interfacial region while the major part

of the Zr is retained in the matrix.
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� In both Al-Sc and Al-Sc-Zr composites, the in-situ interfacial layer formed which

covers the B4C surfaces constitutes two sublayers: a final crystal layer consisting of

AI3BC, TiB2 and ScB2 that is close to the B4C, and a coarse crystal layer made up of

TiB2 and AI3SCC3 towards the Al-matrix.

� Precipitation of nanoscale AI3SC and Al3(Sc,Zr) precipitates are observed in the Sc-

containing and Sc-Zr-containing as-cast composite microstructures, respectively,

leading to a significant increase in the matrix hardness.

� To achieve an equivalent strengthening effect of Sc in binary Al-Sc alloys,

approximately double the amount of Sc is required in the case of AI-B4C composites.

3. Precipitation strengthening during isothermal aging at 300-450 °C

A series of Al-Sc and Al-Sc-Zr composites with a reinforcement of 15 vol.% B4C

were isothermally aged at 300, 350, 400 and 450 °C for up to 200 h. The effect of Sc and Zr

on the aging behavior, precipitation strengthening and precipitate coarsening of composite

materials during the aging process were investigated.

� The addition of Sc generates considerable precipitation hardening in the matrix of the

composites for aging temperatures from 300 to 450 °C. The precipitation hardening

effect increases with the increase of Sc content and decreases with aging temperature.

The combination of alloying Sc and Zr in AI-B4C composites produces a remarkable

synergistic effect.

� In the case of the short-term holding (within 200 hrs), the Al-Sc composites are

thermally stable up to 300 °C. Al-Sc-Zr composites with a high Zr:Sc ratio ( > 1)

show excellent thermal stability of the strength up to 400°C.
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� During aging, Al-Sc and Al-Sc-Zr composites yield two types of nano-size

precipitates, AUSc and Al3(Sc,Zr), respectively. The diffusivity of Zr in the Al-matrix

is significantly smaller than that of Sc, which explains the better coarsening

resistance of the Al3(Sc,Zr) precipitates.

� The strength increment (calculated from microhardness) as a function of average

precipitate radius for both precipitate types at a given temperature shows a good

agreement with the theoretical predictions of the Orowan bypassing mechanism. This

mechanism is dominating the mechanism for the precipitation hardening of AI3SC and

Al3(Sc,Zr) precipitates.

4. Thermal stability of mechanical properties at elevated temperature

Two experimental composites with 0.4 wt.% Sc and 0.4 wt.% Sc+ 0.24 wt.% Zr were

selected to examine the long-term thermal stability of mechanical properties at elevated

temperatures of 250 to 350°C for times up to 2000h.

� As the holding time is extended to 2000h, the mechanical properties of the Sc+Zr

containing composite are stable up to 300°C, while the Sc-containing composite

exhibits a good softening resistance up to 250°C.

� The strengths of both composites decrease with increasing temperatures and

prolonged annealing time. The reduction in the mechanical properties of the

composites during long term annealing at higher temperatures is dominated by

precipitate coarsening.

5. Hot rolling and the post-rolling heat treatment
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The influence of hot rolling process and post-rolling heat treatment on the mechnical

properties of two experimental composites containing 0.58 wt.% Sc and 0.58 wt.% Sc+

0.24 wt.% Zr were studied.

� Composites S58 and SZ58 were hot-rolled to the final 2 mm sheets with good surface

quality and both composites possess a good processability of hot rolling.

� When the same heat treatment as that used for the cast composites is applied, no

aging response and precipitation strengthening is observed for the rolled sheets of the

same materials.

� Homogenization period at 640 °C exhibits significant influence on the mechnical

property obtained in the subsequent aging process. The short the homogenization

time, the stronger the hardening effect.This phenomenon may be related to the

damaging of the protective layer on the B4C surfaces during hot rolling and to further

consumption of Sc in the interfaeial reactions that occur during homogenization

treatment.

9.2 Suggestions for future work

This thesis has shown that Sc and Zr, as the additives introduced in the AI-B4C

composites, could yield good performance in strengthening effect and thermal stability.

However, as a new developed material, many questions remain. Additional understanding

of the matrix behaviors of the composites could lead to further improvements in the

properties. Several possible extensions of this project are proposed:
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� The accurate evaluations of the Sc and Zr concentrations in the matrix for

each composites. In Chapter 5, we roughly evaluated the concentration of these two

alloying elements, Sc and Zr, contained in the matrix alloys. Since the contents of

the alloying elements are strong related to the property and the stability at elevated

temperature, the accurate evaluation of the concentrations of alloying elements in

each system are expected.

� A further study on the phenomenon that the absence of precipitation-

hardening effect in hot rolled composites. In Chapter 8, two hot rolled composites

were found to show neither the aging response nor the precipitation-hardening

effect in the aging process. According to the preliminary study, it is assumed that

the the protective layer on the B4C surface was damaged during hot rolling,

resulting in the consequent consumption of Sc in the interfacial reactions occured

during the subsequent homogenization treatment. However, to prove this hypothesis,

more observations need to be done.

� The optimization of post-rolling heat treatment. Based on the results so-far, post-

rolling heat treatments, including homogenization treatment and the subsequent

aging process, provide a critical influence on the mechanical properties of rolled

materials. The optimzation of these post-rolling treatment is important and thus

necessary.

� Further improvement on the mechanical properties of the composites. In this

project, we tested two composites' properties and obtained the highest yield stress

value of-180 MPa. A Further improvement on mechanical properties seems to be
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very attractive. Therefore, replacing the lxxx by 5xxx series Al alloys as the matrix

alloys would be of interest. Since 5xxx series alloys are controlled by the solid

solution strengthening mechanism which promises stable increase in the strength at

elevated temperature, the properties of composite are expected to be enhanced

without the loss of their thermal stability.
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Appendix A

Polishing procedure for A1-B4C composites

A Successful grinding and polishing procedure produces a surface that accurately

represents the structure and contributes to a clear and visual observation of the

microstructure. Given that the polishing procedure for AI-B4C composites is not well

established, a brief description of the procedure used in this study is provided below.

For the optical microscopy, it is recommended that the specimen size be limited to

dimensions of 2 x 2 cm. A larger size of the specimen requires a longer preparation time

and of more difficult to obtain a good surface quality. After cutting a metallographic

specimen of appropriate size, mounting of the specimen is often necessary for subsequent

handling and metallographic polishing. The corresponding parameters are listed in Table

A.I. The details of the polishing procedure used to prepare metallographic specimens of the

AI-B4C composite are listed in Table A.2.

Table A. 1 Parameters selection for mounting of specimens

Sample
Diameter

50

Size (mm)
Thickness

18-22

- Force (kN)

30

Heating time

5-6

(min) Cooling time

4

(min)



Table A.2 Polishing procedure and parameter s

Polishing procedure

Polishing
Compound

Polishing
cloth

Parameters selection

Speed Speed (o/m) Force (N) / Dir. Time Water

2

3

4

5

SiC grinding
paper (120 grit)

DP-Suspension
(75/zwi)

DP-Suspension

DP-Suspension

/ i

1 drop every 5
s e c o n d s

ANAMET
Jay polishing �
cloth (white)

DP-Suspension
(ifWt)

120

150

150

150

150

120N/ÎÎ

220N/ÎÎ

220N/ÎÎ

210N/ÎÎ

200N/ÎÎ

20 sx 2

13 min

8 min

10 minx 2

10 min

on

off

off

off

off

Lubricant

DP-Lubricant
Blue

DP-Lubricant
Blue

DP-Lubricant
Blue

DP-Lubricant
Red
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Appendix B

Procedure of hot rolling

Two cast ingots for each composite, S58 and SZ58, both with a dimension of 28 * 40

x 80 mm were hot-rolled on a laboratory scale rolling mill (STANAT CX-100). Due to the

limited capacity of the small mill, multi-passes were applied. The thickness of the cast

ingot was reduced from its original value of-28 mm to a final thickness of 2 mm with a

total deformation rate of 93%. Before the rolling, the cast ingots of S58 and SZ58 were

homogenized at 635 for 24 h and 640 °C for 96 h, respectively. Prior to the rolling and the

interval between two steps, the ingot were preheated to 500 °C for 5 to 30 minutes,

depending on the thickness of intermediate plates. At two points, when the thickness

reduced to 12.75 and 4 mm, respectively, each rolled plate was cut into two pieces. The

details of the hot-rolling procedure are given in Appendix B.

LENOVO
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Step

1

2

3

4

5

6

7

8

9

10
11

12

13

14

15

16

17

18

19

20

21

22

23

Thickness
mm

27.8

22

18
15

12.75

Cutting

10.5

9.5

8.5

8

7.25

6.5
5.75

5

4.5

4

Cutting
3.5

3
2.75

2.5

2.25

2

Table B.I

, Decrease,
mm

5.8

4

3

2.25

2.25

1

0.75

0.75

0.75

0.75

0.75

0.75

0.5

0.5

0.5

0.5

0.25

0.25

0.25

0.25

Hot-rolling procedure and parameters

mm/pass

1

1

0.75

0.75

0.75

1

0.75

0.75

0.75

0.75

0.75
0.75

0.5

0.5

0.5

0.5

0.25

0.25

0.25

0.25

Pass
number

6

4

4

3

3

1

1

1

1

1

1

1

1

1

1

1

1

1

1

1

Deformation
ratio, %

0.209

0.182

0.167

0.150

0.176

0.095

0.079

0.088

0.094

0.103

0.115

0.130

0.100

0.111
0.125

0.143

0.083

0.091

0.100

0.111

Preheat
temperature,

°C
500°C

500°C

500°C

500°C

500°C

500°C

500°C

500°C

500°C

500°C

500°C

500°C

500°C

500°C

500°C

500°C

500°C

500°C

500°C

500°C

Pieces
of

rolling
2

2

2

2

2

6

6

6

6

6

6

6

6

6

6

6

12

12

12

12

12

12

12
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